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Abstract

Ni-based superalloys are used in gas turbine engine blades, discs and other high temper-
ature components due to their excellent creep and fatigue resistance at elevated tempera-
tures. However, their complex microstructure, consisting of the v matrix and 4 precipi-
tates, leads to orientation- and temperature-dependent deformation behavior. A detailed
understanding and accurate modeling of these deformation mechanisms is therefore essen-
tial to predict performance and optimize alloy design under demanding thermo—mechanical
conditions. The broad objectives of this thesis are towards the development of mesoscale
modeling tools for predicting processing-microstructure-mechanical property correlations
in single crystal and polycrystalline Ni-based superalloys. Different aspects of these cor-
relations have been studied via novel models developed in the different chapters of this

thesis.

We have developed a coupled phase field-crystal plasticity model in Chapter 3 to simulate
the microstructure evolution during aging heat treatment and the post-aging mechanical
properties of single-crystal Ni-based superalloys. The model has been used to predict the
precipitation kinetics at different aging temperatures and for Ni-Al alloys with different
compositions. The model is extensively validated by comparison of the predicted pre-
cipitate size and volume fraction during aging with available literature data, as well as
the predicted tension-compression asymmetry in the post-aged microstructures with the

literature data.

We have developed a microstructure-sensitive dislocation density-based crystal plasticity
finite element framework in Chapter 4 for simulating the orientation- and temperature-
dependent deformation of single crystal Ni-based superalloys. Constitutive equations for
substructure and microstructure evolution are developed to simulate the deformation be-
havior during tensile, cyclic, and creep loading of single crystal Ni-based superalloys. The
model has consideration for dislocation climb around the precipitates, Orowan looping
around precipitates, and microstructure evolution during isotropic coarsening and raft-

ing, in addition to models for dislocation strengthening and evolution. The orientation



ii

and temperature-dependent tensile, cyclic, creep, and creep-fatigue response of two single
crystal Ni-based superalloys (CMSX-4 and PWA-1484) are predicted and validated with

experimental results from the literature.

We have developed a microstructure-sensitive crystal plasticity model in Chapter 5 to
that accounts for the individual deformation of the v and primary 'y/ phases in a polycrys-
talline Ni-based superalloy and their effect on the overall deformation and failure initiation
characteristics. The model accounts for solute solution strengthening due to the various
elements present in the matrix and the precipitate phase, strengthening due to secondary
and tertiary 7 precipitates present in the matrix () phase, and Taylor hardening due
to dislocation forests that evolve during deformation. The solute atom concentrations for
both the matrix and primary 7 phase have been determined using Energy Dispersive X-
ray spectroscopy (EDS). Electron Back Scatter Diffraction (EBSD) microstructures and
these solute concentration values serve as input to the crystal plasticity model. The model
is calibrated to the experimental stress-strain data at 293 K and 923 K and validated by
predicting the mechanical response at 523 K and 723 K. Further, interrupted tensile tests
have been conducted using Scanning Electron Microscopy (SEM) and EBSD to gain in-
sights into the microstructure evolution during tensile deformation. The simulated EBSD
microstructures are correlated with the experimental deformed microstructures to iden-
tify areas of misorientation development and the microstructural features contributing to

these.

We have developed a micromechanical model for precipitate shearing in Chapter 6 to
predict the cyclic deformation and softening of polycrystalline Ni-based superalloys. A
slip-system level backstress model is developed to account for the initial kinematic hard-
ening, while the precipitate shearing model accounts for microstructure evolution due to
dislocation-precipitate interactions, their eventual shearing, and the change in the precip-
itate strengthening due to secondary and tertiary 'yl precipitates. The model is used to
predict cyclic softening in two different polycrystalline superalloys with different precipi-

tate morphologies.



iii

We have implemented various Fatigue Indicator Parameters (FIPs) into our crystal plas-
ticity framework in Chapter 7 to predict possible sites of crack initiation during cyclic
deformation of polycrystalline superalloys. Based on the model predictions, FIPs were
found to mainly localize along the annealing twin boundaries, grain and phase boundaries,

which may eventually act as possible locations of crack initiation during cyclic deformation.

Keywords: Ni-based superalloys; crystal plasticity; phase field; creep; fatigue;

misorientation; precipitates; cyclic softening
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Chapter 1

Introduction

1.1 Motivation

Nickel-based superalloys are a class of compositionally complex alloys, which are widely
used to manufacture structural components that require superior elevated temperature me-
chanical properties (Geddes et al., 2010). The most prominent application is in the man-
ufacturing of gas turbines for advanced aero-engines, turboshaft engines for helicopters,
nuclear power plants, and marine propulsion (Akca et al., 2015). Nickel-based superalloys
constitute approximately 50% of the weight of the materials used in advanced aircraft en-
gines (Akca et al., 2015). This application is primarily due to their properties such as heat
resistance, high melting points, and the ability to maintain mechanical and chemical sta-
bility at elevated temperatures (Betteridge et al., 1974). In addition, these alloys exhibit
high toughness, relatively high creep, thermal fatigue resistance, and corrosion resistance
(Geddes et al., 2010). Such properties are crucial for effective and efficient performance in

demanding aerospace environments (Akca et al., 2015).

Broadly speaking, Ni-based superalloys may be further classified into single crystal and
polycrystalline superalloys. Generally, single crystal Ni-based superalloys offer excellent
high-temperature creep strength and are the material of choice for turbine blades and
vanes. Also, polycrystalline Ni-based superalloys are used as materials for stationary
components like turbine disks due to their ability to withstand high thermo-mechanical
loads (Fischer et al., 2019). These components generally operate in temperatures ranging
from room temperature to very high temperatures (>1000 °C) and they are exposed to
complex mechanical loading combined with thermal transients such as creep with thermal

and/or fatigue (Shenoy, 2006). Ni-based superalloys also find application in the oil and
1
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gas industry, space vehicles, space vehicles, nuclear reactors, cryogenic applications, heat
exchanger tubing, chemical processing vessels, and military electric motors (Pollock and
Tin, 2006). Over the years, several generations of superalloys have been developed, with
each new generation offering improved resistance to high temperatures (Locq and Caron,
2011). The recent advancements in these materials involve the addition of costly alloying
elements such as rhenium and ruthenium to enhance their performance characteristics

(Akca et al., 2015).

The properties of these Ni-based superalloys are based on the microstructure and chem-
ical composition (Thornton et al., 2023). The chemical composition is generally chosen
to achieve corrosion resistance, strength, creep, and fatigue properties (Kuo et al., 2009).
The strengthening in these alloys is typically achieved through the precipitation of inter-
metallic compounds within a face-centered cubic (FCC) matrix (Gell and Duhl, 1986), ~
precipitates being the dominant ones. Generally, these alloys consist of a two-phase mi-
crostructure: the Ni-rich solid solution, with FCC crystal structure having the Fm — 3m
space group (Sun et al., 2023) (v phase), and coherent L12-type, long-range ordered inter-
metallic NigAl precipitates 7/ phase, having the Pm3m space group (Raju et al., 2015;
Murakumo et al., 2004). The primary shear (slip) systems in both phases are based on the
111 < 110 > family and 001 < 110 > cube slip systems get activated at high temperature
for wl phase. Figure 1.1 shows the two-phase microstructure of a representative single crys-
tal Ni-based superalloy (Pollock and Tin, 2006). In this regard, their mechanical properties
have been enhanced/optimized by tailoring key microstructural parameters, including the
size and morphology of the ’yl precipitates and the grain size via heat treatment (Mughrabi
et al., 1997; Furrer et al., 2003; Chen et al., 2023; Kumar et al., 2025). Directional solidifi-
cation or single crystal processing are crucial techniques that eliminate grain boundaries,
thereby enhancing creep resistance in high-temperature applications (Reed, 2008). The
grain size may vary for powder metallurgy processed alloys (micron scale) used in turbine
discs applications to single crystal alloys (actual size of component) used in turbine blades
(Antolovich, 2015).

A high factor of safety, frequent inspection, and replacement intervals are needed for
superalloy-based engine components because of insufficient knowledge of the material be-
havior, which is expensive and inefficient (Rodas and Neu, 2018). Failure in these ma-
terials during cyclic and creep loading is essentially a weakest link phenomenon, which
is affected by the microstructure variability (e.g., distribution of precipitates, grain mor-

phology, and orientation that may arise due to processing conditions). These are some
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FIGURE 1.1: Two-phase microstructure of single crystal Ni-based superalloys Pollock and
Tin (2006)).

of the primary concerns for industries manufacturing gas turbine components, where sig-
nificant interest lies in quantifying the effect of microstructure variability and reducing
the uncertainty of the turbine blade component failure. Thermo-mechanical deformation
(and eventually failure) of turbine disks made of Ni-based superalloy is microstructure-
dependent phenomenon. Experiments provide accurate and valuable information, but it
is costly, time-consuming, and unfeasible to characterize these variabilities for the range
of microstructure and loading conditions. Alternatively, these issues can be addressed
by experimentally validated modeling techniques (Ma et al., 2008; Shenoy et al., 2008;
Staroselsky and Cassenti, 2011; Vattré and Fedelich, 2011; Zhu et al., 2012; Le Graverend
et al., 2014; Ghorbanpour et al., 2017; Gupta and Bronkhorst, 2021; Agaram et al., 2021;
Keshavarz et al., 2022; Lu et al., 2023; Fan et al., 2024; Wang et al., 2024; Gao et al.,
2025), which can predict the effect of the microstructure on the mechanical properties.

Development of such models forms the primary objectives of the present thesis.

Literature studies have developed phase-field models to predict the microstructure evolu-
tion during solution and aging treatment (Wen et al., 2006; Kundin et al., 2012; Ta et al.,
2014; Wu et al., 2019a; Lin et al., 2019; Le Graverend and Harikrishnan, 2019; Yu et al.,
2020b; Le Graverend and Harikrishnan, 2021; Yang et al., 2021; Ali et al., 2023; Wang et al.,
2025a). Wen et al. (2006) conducted isothermal phase-field simulations for several Ni-Al

alloys at different temperatures and simulated realistic heat treatments corresponding to
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two isothermal experiments. Kundin et al. (2012) studied the microstructural changes dur-
ing heat treatment using phase-field multi-component considering elastic driving forces in
the presence of a lattice misfit and validated the model using experimental results for
CMSX-4 and CMSX-6. Ta et al. (2014) coupled MICRESS and CALPHAD thermo-
dynamic and atomic mobility databases to simulate three-dimensional (3-D) phase-field
simulations of microstructural evolution in Ni-Al alloy during the precipitation process.
Wu et al. (2019a) coupled phase-field and continuum dislocation dynamics to study the
evolution of dislocation and -y /’yl microstructures to study the creep deformation of single
crystal Nickel-based superalloys. Le Graverend and Harikrishnan (2019) used a phase-field
informed crystal plasticity model to study the effect of the sign of misfit between ~ and
'y/ phases on the size, shape and distribution of precipitates during the heat treatment
and on the direction of rafting and performed the tensile tests on cuboidal, rafted, and
topologically inverted microstructure generated by phase-field. Similarly, Le Graverend
and Harikrishnan (2021) used this microstructure to study the effect of misfit strain on
tensile and cyclic test on microstructure generated using phase-field study and observed
smaller macroscopic yield stress and strain hardening as well as smaller stress triaxiality
with higher magnitude of lattice misfit for cuboidal microstructure. Yang et al. (2021) in-
vestigated the microstructural evolution and element distribution from solidification to the
SHT process using multiphase-field simulation coupled with thermodynamic calculation.
Further, Wang et al. (2025a) used a 3D phase-field model to study growth behavior of
precipitates under aging conditions at 850 K and revealed that the initial nucleation con-
ditions significantly affect the equilibrium phase morphology, size and spatial distribution,
while the final equilibrium volume fractions remain constant. Although many literature
studies have simulated the microstructure evolution using phase—field model, very few
studies have studied the microstructure evolution during the heat treatment considering

varying cooling rates, temperature gradients or multi-step heat treatments.

Further, several constitutive models have been proposed in the literature to predict the
mechanical response of single crystal Ni-based superalloys (Cuitino and Ortiz, 1993; Allan,
1995; Ma et al., 2008; Cormier and Cailletaud, 2010; Staroselsky and Cassenti, 2011; Vattré
and Fedelich, 2011; Fedelich et al., 2012; Zhu et al., 2012; Le Graverend et al., 2014; Barba
et al., 2018; Ali et al., 2020a; Gupta and Bronkhorst, 2021; Keshavarz et al., 2022; Pei
et al., 2022; Lu et al., 2023; Fan et al., 2024; Gao et al., 2025). Early works by Cuitino and
Ortiz (1993) and Allan (1995) developed crystal plasticity models to study the anisotropic
mechanical response of single crystal Ni-based superalloys. Ma et al. (2008) developed a
crystal plasticity framework with dislocation density evolution, incorporating mechanisms

such as dislocation climb within precipitates and creep flow formulation and predicted the
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creep behavior for [001] crystallographic orientation. Staroselsky and Cassenti (2011) and
Vattré and Fedelich (2011) have also developed crystal plasticity models to predict the
temperature- and strain rate-dependence, and directional hardening in order to predict
creep, cyclic and creep-fatigue interactions in superalloy single crystals over a range of
deformation histories. The microstructure evolution during rafting and it’s effect on creep
deformation has been studied in several literature (Fedelich et al., 2012; Zhu et al., 2012;
Fan et al., 2024). further refined these models by integrating experimental observations
with computational simulations to enhance predictive capabilities. Le Graverend et al.
(2014) developed microstructure-sensitive constitutive model to study creep, fatigue and
creep-fatigue interactions. Further, Pei et al. (2022), Lu et al. (2023) and Gao et al.
(2025) have expanded the understanding of high-temperature deformation mechanisms,
including the effects of 'y/’y/ phase interactions, rafting phenomena, and environmental
degradation. Though, there are many studies in the literature which study the deformation
of single crystal Ni-based superalloys, very few crystal plasticity modeling frameworks have
predicted the tensile, cyclic, creep responses and creep-fatigue interactions for various

orientation and temperature for single crystal Ni-based superalloys using a single model.

Further, several studies focus on understanding the deformation of polycrystalline Ni-based
superalloys (Manonukul and Dunne, 2004; Shenoy et al., 2008; Castelluccio and McDow-
ell, 2014; Ghorbanpour et al., 2017; Prithivirajan and Sangid, 2020; Bandyopadhyay and
Sangid, 2019; Agaram et al., 2021; Zhang et al., 2022b; Li et al., 2022a; Liu et al., 2024,
Toursangsaraki et al., 2024; Wang et al., 2024). Manonukul and Dunne (2004) developed
a crystal plasticity finite element framework with consideration for grain morphology and
crystal orientations for predicting the cyclic plasticity of a Ni-based alloy. A physically
based microstructure sensitive, rate-dependent crystal plasticity framework was proposed
by Shenoy et al. (2008), to simulate the mechanical behavior of the polycrystalline Ni-based
superalloy during cyclic loading. Castelluccio and McDowell (2014) proposed a mesoscale
crystal plasticity framework to estimate the initiation and early-stage growth of fatigue
cracks of a powder-processed Ni-based superalloy, RR1000. A dislocation density-based
crystal plasticity framework was proposed by Ghorbanpour et al. (2017) for predicting the
room temperature deformation of an Inconel superalloy, while estimating the constitutive
model parameters using lower length scale calculations. Bandyopadhyay et al. (2019) have
performed crystal plasticity finite element simulations for RR1000 under fatigue loading
to study two failure modes (inclusion- and matrix-driven failures). Agaram et al. (2021)
proposed a crystal plasticity framework for modeling the cyclic softening due to precipitate
shearing. Zhang et al. (2022b) investigated the effect of microstructure and temperature

on the low cycle fatigue behavior by EBSD analysis and CPFE simulations of a Ni-based



Chapter 1. Introduction 6

superalloy. Further, Liu et al. (2024), Toursangsaraki et al. (2024) and Wang et al. (2024)
have contributed to the development of crystal plasticity models to study of effect of
microstructural features on macroscopic deformation under complex loading conditions.
The temperature-dependent heterogeneous deformation of polycrystalline Ni-based super-
alloys, including the effect of orientation and microstructural features for tensile and cyclic

loading conditions, has not been studied extensively in the literature.

While several modeling studies already exist in the literature, gaps can still be identified.
These include: (a) physically-based constitutive models that can account for the effect of
microstructure (precipitate size, shape, distribution, grain morphology, etc.) on the me-
chanical properties, and (b) an integrated modeling framework for correlating processing-
microstructure-mechanical properties of Ni-based superalloys. The present thesis aims to
address these gaps by developing constitutive models for predicting the microstructure
evolution during processing (specifically, heat treatment) and the microstructure-sensitive
mechanical properties of single crystal and polycrystalline Ni-based superalloys by ac-

counting for the underlying physics.

1.2 Thesis Outline

The thesis is structured in the following fashion.

A review of the literature on processing-microstructure-mechanical property correlations in
Ni-based superalloys is given in Chapter 2. In this review, we briefly discuss the processing
of single crystal and polycrystalline Ni-based superalloys, specifically about the variation
in microstructural attributes with different processing and heat treatments, and their
effect on the underlying mechanical properties. Gaps in the literature in predicting and
correlating these relationships are also summarized, and the objectives of the thesis are

presented to address these gaps.

A coupled phase field-crystal plasticity framework is presented in Chapter 3 to study the
effect of heat treatment on the microstructure evolution of single crystal Ni-based super-
alloys. The model is used to predict the growth of the precipitates under isothermal aging
at different temperatures. Further, the temperature-dependent mechanical properties of
a heat-treated single crystal superalloy (CMSX-4) are predicted using a crystal plasticity
finite element framework, thus demonstrating the model’s capability for predicting the

processing-microstructure-mechanical property correlations.
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Chapter 4 develops a microstructure-sensitive crystal plasticity constitutive model to sim-
ulate thermo-mechanical deformation in single crystal Ni-based superalloys. Physically-
based constitutive models have been developed for various mechanisms such as slip system-
level backstress, crystallographic dislocation climb, and dislocation-precipitate interac-
tions. Further, microstructure evolution models during rafting have also been developed.
The model has been used to predict the tensile, creep, and cyclic response of two differ-
ent superalloys, CMSX-4 and PWA-1484, over a wide range of loading conditions, which

demonstrates the predictive capabilities of the model.

A mesoscale crystal plasticity model is developed in Chapter 5 for a powder metallurgy-
processed polycrystalline Ni-based superalloy that accounts for the individual deformation
of the matrix (v phase, with homogenized distribution of 7; and 7; precipitates) and
primary ’yl phase and their effect on the local and aggregate deformation characteristics.
Physically-based constitutive models are developed to account for microstructure-specific
strengthening mechanisms and predict the macroscopic mechanical response for a range of
deformation temperatures. The combined modeling and experimental framework is then
used to study competitive misorientation developments at various microstructural features,
namely annealing twin boundaries, phase interfaces (between the v and ’y/ precipitates) and
grain boundaries and their role in heterogeneous deformation (and potential failure) in the

measured Electron Back Scatter Diffraction (EBSD) microstructures of these superalloys.

In Chapter 6, a micromechanical constitutive model is proposed that accounts for precipi-
tate shearing during deformation to predict the cyclic deformation and softening behavior
of polycrystalline Ni-based superalloys. The physically-based shearing model has consid-
eration for dislocation-precipitate interactions, the volume conservation of precipitates, as
well as the geometric shape of precipitates. The shearing model, coupled with a precipitate
strengthening model, can also account for the transition in precipitate strengthening from
strong pair to weak pair coupling. Application of the model has been demonstrated to pre-
dict the cyclic hardening and softening behavior of two different polycrystalline Ni-based
superalloys, with different initial microstructures. Further, the model can also predict the

microstructure and substructure evolution during cyclic deformation.

In Chapter 7, different Fatigue Indicator Parameters (FIPs) are implemented in the crystal
plasticity framework to predict the fatigue crack initiation sites during fatigue loading.
Room temperature cyclic deformation simulations have been performed on the EBSD
microstructures, and a statistical analysis of the FIPs is performed to study the competitive

role of different microstructural features on the FIPs. Based on the statistical analysis,
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higher FIP localization is observed at the twin boundaries, indicating a higher propensity

for failure, as compared to the grain boundaries and phase interfaces.

Finally, the thesis is summarized and major conclusions listed, along with recommenda-

tions for future work, in Chapter 8.



Chapter 2

Background

As discussed in Chapter 1, Ni-based superalloys are widely used in applications that require
superior elevated temperature properties like high strength, high toughness, relatively high
creep resistance, and thermal fatigue resistance. These properties are highly dependent on
the microstructure of these alloys, which is, in turn, sensitive to the processing of the alloys.
In this regard, a review of the inter-relationships between processing, microstructure, and

mechanical properties has been presented in this Chapter.

2.1 Single Crystal Superalloys

Single crystal Ni-based superalloys are widely used in manufacturing advanced aero-engine
components, such as turbine blades, owing to their mechanical properties at elevated tem-
peratures. These superalloys usually consist of Cr, Co, Al, Mo, Ti, Ta, W, Re, Ru, and
Nb as alloying elements, with Ni as the base metal. The development of single crystal
superalloys has evolved through five generations, with ongoing efforts currently focused
on the development of a sixth-generation alloy (Satyanarayana and Eswara Prasad, 2016).
PWA1480, Rene N4, and SRR99 are first-generation superalloys. 3 wt. % Re was added
for second-generation superalloys (PWA1484, CMSX-4 and Rene N5), which was further
increased to 6 wt. % in third-generation superalloys (CMSX-10 and Rene N6) (Reed,
2008). Further, the fourth-generation superalloys (MC-NG and EPM-102) were developed
by the addition of Ru to the third-generation superalloys, with further increase in Ru con-
tent for fifth-generation superlloys (TMS-162 and TMS-172) (Reed, 2008; Satyanarayana
and Eswara Prasad, 2016). Subsequently, efforts are being made by changing the alloy

composition for sixth-generation superalloys to further improve the mechanical properties

9



Chapter 2. Background 10

and phase stability (Satyanarayana and Eswara Prasad, 2016). The mechanical proper-
ties and the underlying microstructure greatly depend on the composition as well as the

processing of these superalloys.

2.1.1 Processing and Heat Treatment

The processing of superalloys involves the initial fabrication of large ingots by vacuum
induction melting, followed by investment casting, or extrusion and forging processes (Akca
et al., 2015). Vacuum induction melting (VIM) is generally performed in a refractory
crucible to consolidate the primary elemental constituents and/or recycle (revert) alloy
into a base alloy (Akca et al., 2015). Compared to traditional electric arc melting in air
or slag environments, VIM is effective in the removal of low-melting-point contaminants
(Akca et al., 2015). After achieving the desired alloy composition, the solidified ingot is
subjected to consolidation processes or addition melting, depending upon the application
of the material (Akca et al., 2015). The first gas turbine engine blade was manufactured
by extrusion and forging operations (Wright and Smith, 1986). These manufacturing
techniques have been found to have limitations. For example, the blades tend to be
relatively heavy because making them in a hollow form is not feasible without performing
additional machining steps. Further, the blades are susceptible to cracking and incipient
melting (a localized melting below the melting point temperature at grain boundaries or
segregated regions) due to the hot working temperature (Reed, 2008). In response to
these limitations, investment casting emerged as the preferred manufacturing method and
remains the industry standard today. Investment casting, also known as the lost-wax
process, is a key method for producing nickel-based superalloy components with complex
geometries. Ceramic molds containing alumina, silica, and/or zirconia are prepared using
the progressive buildup of ceramic layers around a wax pattern of the cast component and
melting out the wax to form a mold. The mold is poured with remelted superalloys in
a preheated vacuum chamber. The mold is removed once the alloy has cooled to room
temperature, forming microstructures with either columnar or equiaxed grains, or single
crystals (Akca et al., 2015). In equiaxed casting, the furnace is generally switched off after
pouring the molten metal, whereas in advanced methods like the conventional Bridgman
crystal-growing method, the mold is withdrawn at a controlled rate from the furnace to
produce directionally solidified or single crystal structures. Once cooled, the ceramic shell

is broken away, and any core is leached out chemically (Reed, 2008).

Heat treatment plays a critical role in optimizing the microstructure, eliminating defects,

and enhancing the mechanical properties of the castings by controlling the morphology and
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the distribution of the 4" precipitate phase (Wilson et al., 2003; Sahu et al., 2021). Heat
treatment helps in developing a uniform ’y/'y/ microstructure, relieving residual stresses
developed during directional solidification, eliminating casting defects, and improving the
creep, fatigue, and oxidation resistance. Traditionally, two-step heat treatments, a solu-
tionizing treatment (also sometimes referred to as solution treatment), followed by aging
treatment, are used for Ni-based superalloys. During solutionizing, the alloy is heated
above the 'y/ solvus temperature, leading to the dissolution of 'y/ precipitates and elimi-
nation of interdendritic microstructures, such that a homogenized microstructure is gen-
erated (Wilson et al., 2003). It reduces dendritic segregation and prepares the alloy for
optimal 'yl precipitation. During the subsequent aging process, 'y/ re-precipitates to form
the typical microstructure of superalloys. Two-step aging is often performed to obtain the
desired size, shape and morphology of ”yl precipitates (Wilson et al., 2003). Figure 2.1
shows a schematic of the solutionizing treatment and the two-step aging treatment used
for CMSX-4 single crystal Ni-based superalloy (Sengupta et al., 1994). First, a series of
solutionizing treatments at progressively higher temperatures was performed. Initially, the
specimen was held at 1276 °C for 2 h, followed by treatments at 1287 °C for 2 h, 1296 °C'
for 3 h, 1304 °C for 3 h, 1315 °C for 2 h, 1321 °C for 2 h, 1324 °C for 2 h and finally air
cooled. Subsequently, a high-temperature aging process was conducted at 1080 °C for 4
h, followed by air cooling. This was followed by a final aging treatment at 871 °C for 20

h, after which the materials were air cooled again.

2.1.2 Microstructure

The composition plays an important role in the microstructure of these alloys, and gen-
erally, more than ten alloying elements are present in Ni-based superalloys. Most alloys
contain significant amounts of Al, Cr, Co and Ti. Further, other elements such as Re,
W, Ta, Hf, Ru, Mo, Nb and Zr are also present in some alloys (Reed, 2008). Elements
such as Co, Cr, Ru, Mo, Re, and W have atomic radii similar to Ni and act as the
phase stabilizer. Elements such as Al, Ta and Ti have atomic radii greater than Ni, pro-
moting the formation of the 4" ordered phases such as Niz(Al, Ta, Ti) (Reed, 2008). The

microstructure of a typical superalloy thus consists of v and 'y/ phases.

~ phase: This phase has a FCC crystal structure and forms the matrix phase in which
other phases reside. A representative microstructure of a single crystal superalloy is shown
in Figure 2.2(b).
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FIGURE 2.1: Solutionizing and aging treatments of single crystal Ni-based superalloy,
CMSX-4. Adapted from (Sengupta et al., 1994).

FIGURE 2.2: (a) Lys crystal structure of 4 phase and (b) Microstructure of single crystal
Ni-based superalloys, with cuboidal v precipitates in the v matrix. Adapted from (Vattré,
2009) and (Huang et al., 2014).



Chapter 2. Background 13

~' phase: The ~' phase, with a stoichiometric composition of NizAl and cuboidal morphol-
ogy, is the primary strengthening phase in superalloys (Satyanarayana and Eswara Prasad,
2016). Often, this phase is referred as the precipitate phase. These single crystal su-
peralloys have a high precipitate volume fraction, around 70% for some modern alloys
(Satyanarayana and Eswara Prasad, 2016). ’y/ phase has a L1y crystal structure as shown
in Figure 2.2(a) and is coherent with the v matrix. The lattice parameters for v and
'y' phases are nearly similar, and the chemical compatibility of the two phases allows ’yl
to precipitate homogeneously throughout the matrix (Satyanarayana and Eswara Prasad,
2016). ’yl precipitates impart strengthening to the superalloy due to their strength and
high volume fraction, 'yl fault energy, and coherency strengthening (Satyanarayana and
Eswara Prasad, 2016). Initially, the small 'y/ precipitates have a spherical shape. Dur-
ing heat treatment, as the volume fraction of *yl increases, the morphology changes from
spherical to cuboidal. Cuboidal ’y/ precipitates homogenized with the v phase can be seen
in Figure 2.2(a).

The deformation behavior of nickel-based superalloys is governed by the interactions be-
tween the constituent v and the 4 phases. Plastic deformation primarily occurs in the
~ matrix via dislocation glide on the 111<110> slip systems, while the 'y/ phase imparts
strength to the superalloys via precipitate strengthening. Further, solute solution strength-
ening due to the various alloying elements also contributes to the enhanced strength of the

superalloys.

2.1.3 Process-Structure-Mechanical Property Relationships

The effect of processing and heat treatment parameters on the microstructure and resultant
mechanical properties is discussed in this section. The casting method and parameters,
such as mold geometry, play a major role in influencing the properties of superalloys
(Selvaraj et al., 2021). Directional solidification is widely used in the production of single
crystal superalloys. Various parameters such as temperature gradients, solidification rate,
and cooling rate influence the directionally solidified microstructure and ultimately the

mechanical properties (Selvaraj et al., 2021; Szeliga et al., 2016).

As mentioned earlier, 7/ precipitates strengthen these superalloys, and their morphology,
size, and volume fraction significantly influence the mechanical properties. The effect
of the heat treatment process on the microstructure and mechanical properties has been
studied extensively in the literature (Caron and Khan, 1983; Bhowal et al., 1990; Grosdidier
et al., 1998; Fuchs, 2002; Yu et al., 2007; Tian et al., 2008, 2014; Liang et al., 2016; Wang
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et al., 2019¢; Du et al., 2021; Wang et al., 2020; Strutt et al., 2023; He et al., 2023). A
supersaturated solid solution is first obtained through solutionizing heat treatment, which
provides the best condition for the further aging process. Heat treatment results are
affected by solutionizing heat treatment parameters such as temperature, holding time,
and cooling rate. Du et al. (2021) studied the effect of solutionizing treatment on creep
properties and found that creep life increases with solutionizing treatment time until a
threshold limit. Tian et al. (2008) performed solutionizing heat treatment at different
temperatures and indicated great dependence of creep life on solutionizing temperature.
Lee et al. (2013) found that the fraction of eutectic phase decreases with an increase in
the solutionizing temperature. Yu et al. (2007) studied the effect of different solutionizing
treatments on microstructure and stress rupture life of DD32 single crystal superalloy
and concluded that solutionizing treatment temperature has a more significant role on
microstructure as compared to the hold time. Wang et al. (2020) investigated the influence
of cooling rate on the microstructure and elevated temperature tensile properties. The as-
cast superalloy was heated in a stepwise manner to its solutionizing temperature (1315 °C)
and held for 4 h at this temperature. The material was then cooled to room temperature
at four different cooling rates, furnace cooling 1 (0.5 °C/s) (FC1), furnace cooling 2 (0.6
°C/s) (FC2), air cooling (72 °C//s)(AC), and water cooling (138 °C/s) (WC). The SEM
micrographs after four different heat treatments are shown in Figure 2.3. It can be seen
that the cooling rate has a significant effect on the distribution, shape, and size of ’y/
precipitates. With an increase in cooling rate, the size of the 4" precipitate was found
to be smaller and uniform, and the shape of the precipitates also changed from cuboidal
to irregular curved surfaces. Further, the tensile stress-strain response at 980 °C' varied
significantly for these four different cooling rates. The elastic modulus was also significantly
lower at low cooling rates as compared with AC and WC. The yield stress and ultimate

tensile strength also vary with cooling rates.

Following the solutionizing treatment, generally, a two-stage aging treatment is performed.
The aging temperature and time influence the microstructure of superalloys. Wang et al.
(2019a) performed different heat treatments, thus varying the precipitation temperature
and time, and determined the optimum microstructure of DD5 superalloy. Grosdidier et al.
(1998) studied dissolution of the « phase and precipitation of CMSX-2 during heat treat-
ment and concluded that the shape of the precipitate changes from spherical to cuboidal
to dendritic from nucleation to growth as a function of time. Further, Yu et al. (2007)
optimized the heat treatment in terms of the volume fraction, size and morphology of pre-
cipitates by altering the aging time and temperature to obtain maximum stress rupture

life. Feng et al. (2021) studied the effect of aging time and temperature and concluded
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that at low aging time, the precipitate size increases first, then decreases, and finally in-

creases with increasing aging temperature, whereas at high aging time, precipitate size

gradually increases with aging temperature. Sengupta et al. (1994) performed different

heat treatments to produce different 4 sizes and distribution phases and studied the ef-

fect of ~ sizes on the tensile properties of CMSX-4. It has been observed that the tensile

behavior of CMSX-4 is influenced by the size and distribution of 4 precipitates, which are

controlled through specific heat treatment processes. During long-term aging, precipitate

size increases with aging temperature and time (Nabarro, 1996). The effect of aging time

on the tensile stress-strain response and creep response is shown in Figure 2.4. As can be

seen, the mechanical property degrades with long aging hours.
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FIGURE 2.4: (a) Stress-strain response of the aged material with different aging times at
1100 °C' (adapted from Yang et al. (2020)). (b) Creep response of the material aged at
1000 °C for different aging times, followed by loading at 1140 °C and 137 MPa (adapted

from Huang et al. (2020)).

The materials used in gas turbine blades must exhibit long-term microstructural stabil-

ity, excellent mechanical strength at elevated temperatures, and superior resistance to
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creep for a good high-performance operation (Shang et al., 2022). As ~" precipitates pro-
vide significant strengthening, the size, fraction, and distribution of precipitates influence
the properties and performance. Compared to irregularly shaped precipitates, uniformly
shaped and well-aligned cuboidal precipitates increase the strength of single crystal super-
alloys (Caron and Khan, 1983). Smaller fyl precipitates improve the yield strength (Grant
et al., 2013) and enhance the fatigue performance (Le Graverend et al., 2010). Caron
et al. (1988) observed that a precipitate size between 0.35-0.5 pum offers maximum creep
strength along [001] orientation, in contrast, orientations near the [111]-[011] showed a
significant reduction in creep life. However, around 0.2 pum precipitate size, the [111] ori-
entation shows improvement in creep life, becoming the most creep-resistant. Ali et al.
(2020b) explored the effect of the size of 'y/ precipitate on the hardness and creep properties
of single crystal superalloys using both experiments and crystal plasticity simulations. It
has been observed that smaller " precipitates increase hardness and improve creep resis-
tance. Furthermore, during long-term high-temperature operation, the microstructure of
these alloys gradually deteriorates over time (Cheng et al., 2009; Dan et al., 2015), which
has a great effect on their mechanical properties. Thus, the blade life depends not only
on the initial high-temperature properties of the superalloy but also on the microstruc-
ture stability throughout service (Yang et al., 2020). To understand the effect of thermal
exposure on mechanical performance, various experiments were conducted on aged super-
alloys, focusing on tensile and compressive properties (Leidermark et al., 2010; Zhixun
et al., 2015). Xia et al. (2007) observed a reduction in both tensile and compressive yield
strengths with increased aging time, due to 7/ precipitate coarsening and a reduction in
their volume fraction. In addition, the life of the stress rupture was found to degrade over
time and at higher temperatures (Xia et al., 2007; Acharya and Fuchs, 2004), mainly due
to the coarsening of the v phase, the formation of the Topologically Close-Packed (TCP)
phases and the accumulation of dislocations (Shi et al., 2012; Liu et al., 2010). Long-term
aging also affected very high cycle fatigue behavior due to microstructural deterioration
(Cervellon et al., 2017). Lapin et al. (2009) found that the room-temperature Vickers
hardness and the 0.2% yield strength at 950 °C' decrease as the volume fraction of *y/

precipitates decreases and their average size increases.

The combined effects of composition, processing, microstructure, and service conditions

thus govern their mechanical properties and performance.
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TABLE 2.1: Effect of chemical composition on properties of polycrystalline Ni-based
superalloys (Akca et al., 2015).

Alloy

Composition(wt.%)

Applications

Inconel Alloy 600
Nimonic Alloy 75

Alloy 601

Alloy X750

Alloy 718
Alloy X

Waspaloy

Alloy 718Plus

Nimonic 90

Alloy 720Li

76Ni-15Cr-8Fe
80Ni-20Cr-Ti-C

61Ni-Al-Si

Ni-Al-Ti

55Ni-21Cr-5Nb-3Mo

48Ni-22Cr-18Fe-9Mo-
W
60Ni-19Cr-4Mo-3Ti-
1.3A1
Bal.Ni-18.53Cr-9.26Co-
8.82Fe-5.34Nb-2.85Mo-
1.55A1-0.80Ti-1.08W-
0.024C-0.011P-0.007P
(Li et al., 2021)
54Ni-18-21Cr-15-21Co-
2-3Ti-1-2A1
57.4Ni-16Cr-14.7Co-
5Ti-2.5A1-3Mo-1.25W-
0.01C-0.015B-0.03Zr
(Wise et al., 2024)

Nuclear reactors; chemical industry
Gas turbines; furnace components;
heat treatment equipment
Chemical processing; pollution con-
trol; aerospace; power generation
Gas turbines; rocket engines; nu-
clear reactors; pressure vessels; air-
craft structures

Aircraft and land-based gas tur-
bines; cryogenic tankage
high-temperature flat-rolled prod-
ucts for aerospace

Jet engine components

Jet engine; turbine, steam generator
(Li et al., 2021)

Turbine blades; discs; hot-working
tools
Turbine discs

2.2 Polycrystalline Superalloys

Polycrystalline Ni-based superalloys are generally used in the manufacturing of turbine

discs. The primary alloying element composition affects the properties, microstructure,

and application of these superalloys. Some prevalent polycrystalline Ni-based superalloys

with primary composition and applications are listed in the Table 2.1.

2.2.1 Processing and Heat Treatment

Depending on the alloy chemistry and other factors, polycrystalline superalloys are fabri-

cated either by cast and wrought processing C&W or by PM (Reed, 2008). Alloys such

as IN718 and Waspaloy are generally processed by C&W process, as the composition
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of strengthening elements Al, Ti, and Nb is relatively low and PM processing is costly
compared to the C&W process (Reed, 2008).

The processing for both routes starts with VIM, where alloying elements are poured into
the crucible and the electrode is formed by pouring the molten alloy into a mold (Galpin,
2022). In C&W processing, VIM is followed by electroslag remelting and vacuum arc
remelting to remove impurities and to form a billet (Galpin, 2022). In addition, the bil-
lets are processed by thermomechanical processing such as rolling, extrusion, or controlled
heating before undergoing forging operations (Reed, 2008). The level of segregation in-
creases during melt processing in heavily alloyed grades such as Rene 95 and RR1000,
and cracking can occur during thermal-mechanical processing. Thus, PM processing is
preferred for such alloys (Reed, 2008). Alloys with a high ~' fraction and several element
additions, for safety-critical components, where element segregation must be minimized,

are generally treated using PM processing (Galpin, 2022).

In PM processing, VIM is followed by remelting and inert gas atomization to produce the
metal powder (Reed, 2008). Then the metal powder is sieved to remove large non-metallic
inclusions that may be present due to processing (Reed, 2008). The sieved powder is con-
solidated using Hot Isostatic Pressing (HIP) by packing powder into steel cans (Galpin,
2022). The solid billets are formed by subjecting steel cans to high temperature and
pressure for a longer period, depending on the alloy composition (Galpin, 2022). The con-
centration of the inclusions is generally lower for products processed by PM as compared to
the C&W route, although PM processing is costly and significantly more complex (Reed,
2008).

As with single crystal superalloys, the heat treatment generally involves two steps: so-
lutionizing treatment and aging treatment. The solutionizing treatment dissolves the
precipitates and helps to obtain the appropriate grain size and prepares a supersaturated
solid solution for the aging process. The aging treatment adjusts the size, volume fraction,
and distribution of ’y/ precipitates (Gai et al., 2022). Figure 2.5 shows the heat treatment
of a representative powder metallurgy superalloy, N18, which includes solutionizing and
two-step annealing treatments. The solutionizing treatment applied to the alloy consists
of 1165 °C for 4 h, followed by two-step aging at 700 °C' for 24 h and finally at 800 °C for
4 h (Flageolet et al., 2004).
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FIGURE 2.5: Heat treatment of polycrystalline Ni-based superalloy (N18). Adopted from
(Flageolet et al., 2004).

2.2.2 Microstructure

Similar to single crystal superalloys, the microstructure of polycrystalline superalloys con-
sists of two primary phases, the v phase with FCC crystal structure and an ordered L1q
type fyl phase. The ~ phase is a continuous solid solution strengthened phase that usu-
ally contains a high percentage of elements such as Cr, Fe, Co, Mo, and W (Thellaputta
et al., 2017). The ’yl precipitates, often coherent with the v phase, are rich in elements
like Al, Ti, and Ta (Reed, 2008). Further, 4" precipitates are generally classified as pri-
mary, secondary, and tertiary precipitates depending on their size, a schematic of which
is shown in Figure 2.6 (Galpin, 2022). Under sub-solvus solutionizing heat treatment,
the micrometer-sized primary 4 precipitates are generally formed at the grain boundaries
(Reed, 2008). In addition, sub-micron-sized secondary and nanometer-sized tertiary pre-
cipitates are present inside the v grains, and their typical sizes are ~100 nm and ~20
nm, respectively (Galpin, 2022). Further, ~" precipitates also form in the presence of Fe,
where Ni and Nb combine to form NigNb with body-centered tetragonal structure in Ni-Fe
alloys (Thellaputta et al., 2017). This phase provides high strength at low to intermediate
temperatures and is unstable at temperatures above 650 °C' (Thellaputta et al., 2017).

Carbide and boride particles are also found in polycrystalline superalloys, depending on
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their chemical composition (Reed, 2008). These particles often form along grain bound-
aries, as both carbon (C) and boron (B) tend to segregate in these regions (Reed, 2008).
The most commonly observed carbides are the cuboidal MC type, where M can be Ti, Ta,
Nb, or Hf (Charpagne et al., 2016). Boride particles are typically of the M3Bs type, with
M generally consisting of a combination of Mo and Cr (Thellaputta et al., 2017).
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FIGURE 2.6: Schematic of the different precipitates present in polycrystalline Ni-based
superalloys. Adopted from (Galpin, 2022).

2.2.3 Process-Structure-Mechanical Property Relationships

The manufacturing process and the following heat treatment process have a significant
effect on the microstructure and mechanical properties of polycrystalline Ni-based super-
alloys. The choice between C&W and PM processing largely depends on the application
requirements in terms of the geometry, service conditions and mechanical performance.
PM processing is especially advantageous for processing highly alloyed compositions that
are prone to cracking during conventional forging. Although for components that do not
operate under demanding conditions, the properties offered by PM processing are generally

not required. In such cases, low-cost C&W alloys are used (Wise et al., 2024).

Significant research has been conducted to explore the balance between cost and per-
formance for traditional C&W alloys like 718Plus and PM-based alloys such as RR1000
(Hardy et al., 2020). One way is to modify the composition of the existing highly alloyed

commercial materials to develop derivatives that are better suited to manufacture by C&W
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processing, such as Alloy 720Li (Keefe et al., 1992) and René 65 (Heaney et al., 2014).
Both of these advanced alloys show improved properties over Alloy 718Plus (Wise et al.,
2024). Due to its high alloy content, it is generally viewed as the upper limit for cast and
wrought processing, before transitioning to powder metallurgy becomes necessary; Alloy
720L1i is one of the most highly alloyed materials that can be processed via C&W process-
ing (Wise et al., 2024). Furrer and Fecht (1999) showed the effect of the manufacturing
route on the grain size of UT20Li alloy, as can be seen in Figure 2.7. C&W alloy tends to
exhibit rapid and non-uniform grain coarsening, whereas PM alloys generally show more
gradual and uniform grain growth (Furrer and Fecht, 1999). The rate at which the aver-
age and as-large-as grain sizes vary significantly between the C&W and PM processing of
U720Li, as can be seen in Figure 2.7. The grain size influences strength, creep, and fatigue

properties of the material (Furrer and Fecht, 1999).
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FIGURE 2.7: Variation of grain size with heat treatment for one hour at various solution-
izing temperatures via (a) C&W and (b) PM route of U720Li alloy. Here, AVG denotes
'average" and ALA denotes "as large as". Adopted from (Furrer and Fecht, 1999).

Further, the size and distribution of the fy/ precipitates are crucial in these superalloys, as
precipitation of the 4" phase is the main contributor to their high-temperature strength
(Nembach and Neite, 1985). Characteristics of the ’y/ precipitate are mainly controlled
by the heat treatment (solutionizing treatment and aging treatment). The ~  solvus tem-
perature lies between 1050 °C' and 1200 °C' for most turbine disc alloys depending on
the chemical composition (Reed, 2008). The temperature of the solutionizing treatment
plays an important role in the microstructure of these alloys. If the solutionizing temper-
ature is sub-solvus, the grain-pinning effect caused by undissolved fyl precipitates restricts
~ grain-growth, while the ~ grains are comparatively coarser, if the solutionizing tem-
perature is super-solvus (Reed, 2008). Super-solvus heat treatment eliminates primary

fyl precipitates, while sub-solvus heat treatment generates a bimodal microstructure with
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primary, secondary, and tertiary 7 precipitates (Reed, 2008). Wan et al. (2018) studied
the effect of solutionizing heat treatment from 1130 °C' to 1150 °C on the microstructures
and tensile properties of UT20Li alloy and showed that a solutionizing temperature of 1130
°C to 1140 °C leads to fine secondary 'y, precipitates, resulting in higher strength as com-
pared to 1140 °C. Atabay et al. (2021) performed sub- and super-solvus heat treatment
for Rene 41 alloy and concluded that fine 4" precipitates in sub-solvus specimens show
the highest elongation. Kozar et al. (2009) found that alloys subjected to super-solvus
heat treatment gain their strength from resistance to 4" precipitate shearing. In contrast,
sub-solvus heat-treated alloys not only benefited from precipitation strengthening, but
also exhibited enhanced strength due to the Hall-Petch effect. You et al. (2017) investi-
gated the effect of solutionizing temperatures and strengthening mechanisms for Inconel
718, and their study revealed that the *yl phase precipitates at higher temperatures than
the 7" phase. Radis et al. (2009) studied the microstructural and ~ phase distribution
during continuous cooling of Udimet 720Li after solutionizing treatment, and developed a
kinetics model to describe the precipitation of ’y/ phases during cooling. Mostafaei et al.
(2016) investigated the effect of solutionizing treatment and aging on the microstructure
and mechanical performance of Alloy 625. Wang et al. (2016b) focused on the effect
of solutionizing temperature and holding time on ~ phase dissolution in IN100 and DS
Renel25, providing insight into the kinetic aspects influencing dissolution during solution-
izing treatment. Mitchell et al. (2008) explored how cooling rates affect the microstructure
and hardness in nickel-based superalloys. Gai et al. (2022) performed solutionizing heat
treatment at temperatures ranging from 1100 °C' to 1140 °C' to get optimized microstruc-
tures and mechanical properties of GH4151 alloy. Figure 2.8 shows the microstructure
after solutionizing treatment at different temperatures for 2 h and their effect on the yield
strength of GH4151 alloy. The average grain size is similar for specimens treated at 1100
°C and 1120 °C' and increases with solutionizing treatment for 1130 °C and 1140 °C' tem-
peratures. The area fraction of primary 7/ precipitates decreases, and the size of spherical
secondary ’y/ precipitates increases with an increase in solutionizing temperature. Further,
the highest yield strength is observed for specimens solutionized at 1130 °C' for both room
and 750 °C temperatures.

Further, single or two-step aging is generally performed for optimizing the v precipitate
size. The influence of aging temperature, time, and cooling rate on the microstructure has
been studied for different polycrystalline superalloys. Jackson and Reed (1999) optimized
the heat treatment to 24 h at 700°C' as compared to the conventional aging treatment for
Udimet 720Li alloy, consisting of 24 hours at 650°C' followed by 16 hours at 760°C' to ob-

tain highest tensile and creep properties of Udimet 720Li alloy. Microstructure evolution
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FIGURE 2.8: Effect of solutionizing temperature ((a) 1100 °C, (b) 1120 °C, (c) 1130
°C, (d) 1140 °C) on the microstructure and yield strength of GH4151 alloy at room
temperature and 750 °C. Adopted from (Gai et al., 2022).

during various heat treatment processes of IN7T38LC alloy was studied by Balikci et al.
(1997). Kearsey et al. (2012) studied the effect of heat treatment on the microstructure,
particularly 'y/ size, grain size, and phase fraction, and mechanical properties such as low
cycle fatigue (LCF) life, fatigue crack growth rate (FCGR) properties, and dwell FCGR
behavior. Joseph et al. (2017) investigated the effect of heat treatment on the microstruc-
ture and properties of Haynes 282 and found out that standard two-step aging (1010 °C'/2
h +788 °C'/8 h) produced fine 4 and discrete grain boundary carbides, resulting in ex-
cellent strength and ductility at room temperature. Hao et al. (2020) studied the effect
of heat treatment on the microstructure and ’yl phase characteristics and consequently
on the mechanical properties of the FGH4096 M superalloy. The results showed that a
high volume fraction of uniformly sized and dense distribution 4 precipitates significantly
contributed to increased tensile strength and hardness. Shin et al. (2019) compared a
single-step heat treatment using three different cooling rates after solutionizing annealing
with a two-step process of Haynes 282. Their results showed that slower cooling rates led
to larger o precipitates, and the single-step treatment could achieve a good balance of
strength and ductility. Xia et al. (2018) concluded that the shape and size of the ’y/ phase
significantly influence the stress rupture life and hardness of nickel-based superalloys. Xu
et al. (2018) studied the effect of three solutionizing treatment temperatures—1080 °C,
1150 °C, and 1210 °C and found that heat treatment at 1150 °C' for 4 hours followed by
air cooling led to a uniform distribution of fine 4 precipitates and stress rupture life in-
creases with solutionizing temperature. Yildiz et al. (2017) have investigated the influence
of cooling rate for various superalloys and found that higher cooling rates lead to a more

uniform microstructure, which enhances the strength.
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Further, it should be noted that the optimized heat treatment may be different for dif-
ferent alloy grades to get the desired mechanical properties, owing to the different alloy
compositions that lead to variation in thermal properties and different thermodynamic
behavior (Wu et al., 2019a). For example, the typical heat treatment for IN100 involves
sub- or super-solvus solutionizing treatment, at 982 °C'/1h, and aging at 732 °C/8h (Kozar
et al., 2009), while maximum tensile properties for Udimet 720Li are achieved by a sub-
solvus solutionizing treatment at 1120 °C or 1080 °C, followed by aging at 760 °C'/16h
and 650°C/24h (Vaunois et al., 2010). For Rene 88DT, the recommended heat treat-
ment is generally first super-solvus solutionizing treatment followed by aging at 760°C'/8h
(Krueger et al., 1990). (Du et al., 2018) used three steps heat treatment for IN792 su-
peralloy, which includes : 1120°C/2h followed by air cooling (AC) then 1080°C'/4h AC
and finally 845°C'/24h AC . Thus, according to the alloy chemical composition, the heat

treatment process varies for different alloys.

The essential mechanical properties of polycrystalline Ni-based superalloys in operating
conditions, such as those required for stationary components of an aero engine, are high
yield stress, tensile strength, ductility, fracture toughness, resistance to crack initiation
and propagation, and creep resistance (Reed, 2008). Less emphasis is given on creep
resistance due to their relatively lower operating temperatures as compared to single crystal
superalloys (Reed, 2008). Achieving optimal mechanical performance depends significantly
on the microstructure, which is mainly influenced by the chemical composition of the alloy
and the applied heat treatment. In nickel-based disk alloys, the key microstructural factors
include grain size, the volume fraction, size and distribution of ’y/ precipitates, as well as

boride/carbide precipitation along grain boundaries (Cui et al., 2009).

Grain size has a pronounced effect on the mechanical properties of these alloys. Williams
and Starke Jr (2003) observed that grain size is inversely proportional to yield strength
and resistance to fatigue crack initiation, whereas creep strength and resistance to fatigue
crack growth increase with grain size in the range of 10-1000 um. Longer fatigue life is
reported for fine-grained structures as compared to coarse-grained structures under the
same testing conditions. This is due to better resistance to crack initiation and early
crack propagation by fine-grained structures (Gabb et al., 2005, 2011). However, a faster
fatigue crack growth rate is observed for the fine-grained structures (Everitt et al., 2007;
Pang and Reed, 2007, 2009) due to increased grain boundary area available for preferential
environmental damage (oxidation or corrosion) Osinkolu et al. (2003) and promotion of

creep at finer grain size (Yang et al., 2011).
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Further, the volume fraction, morphology, and size distribution of 4" precipitates signif-
icantly influence the strengthening of these alloys. Yield strength at 650 °C' and 1000
h creep rupture strength at 700 °C are strongly related to the sum of the fractions of
the ~'phases (Reed, 2008). Hao et al. (2020) revealed that a high volume fraction, uni-
form size, and distribution of fy/ precipitates significantly enhanced tensile strength and
hardness. Wu et al. (2019a) observed that a higher volume fraction of fine 'y/ precipitates
enhances yield strength and hardness, and the fine precipitates act as obstacles to dis-
location movement, which provides strength. However, excessive coarsening due to high
aging temperatures diminishes this effect, which leads to a decrease in yield strength and
an increase in ductility. Wang et al. (2014a) observed that increasing the size and volume
fraction of ~ precipitates of 718Plus alloy increases resistance to fatigue crack growth.
Thus, optimal performance can be achieved by controlling the microstructure to balance

strength, creep resistance, and fatigue life.

2.3 Objectives of the Present Work

Based on the literature review in the previous section, it is evident that the processing
and heat treatment have a significant influence on the microstructure of Ni-based super-
alloys. Further, the resultant mechanical properties of both single and polycrystalline
superalloys are intrinsically linked to the underlying microstructure. In order to acceler-
ate the design of such alloys for engineering applications, appropriate modeling tools need
to be developed. This lays the foundations of the present work. An integrated modeling
framework which can predict the processing-dependent microstructure and the resultant
mechanical properties is generally missing in the literature. While the former can be
predicted using phase field models and the later using crystal plasticity models, their in-
tegration can combine the processing-microstructure-mechanical property predictions into
one single framework. Towards this objective, this thesis aims to develop a coupled phase
field-crystal plasticity framework for single crystal superalloys. Additionally, the objective
of the thesis is to develop physically-based crystal plasticity constitutive models to predict
the deformation of single crystal and polycrystalline Ni-based superalloys as a function of
the microstructure and loading conditions, by accounting for the underlying deformation
mechanisms. Specifically, the microstructural features of interest include the 4 precipitate

size, shape, and volume fraction, and the crystallographic orientation.

Accordingly, the main objectives of this research work are summarized here, which have

been addressed in the following chapters of the thesis:
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e Development of a coupled phase field-crystal plasticity model to study the evolu-
tion of ’y/ precipitates during aging heat treatments and their effect on the ensuing

mechanical properties of single crystal Ni-based superalloys.

e Development of a dislocation density-based crystal plasticity constitutive modeling
framework for predicting the orientation- and temperature-dependent tensile and

cyclic deformation of single crystal Ni-based superalloys.

e Development of a constitutive model for dislocation climb and microstructure evo-
lution due to isotropic coarsening and rafting for predicting the creep deformation

at elevated temperatures.

e Development of a physically-based crystal plasticity framework for modeling the ten-
sile deformation of polycrystalline Ni-based superalloys, with consideration for the
underlying microstructure comprised of primary, secondary and tertiary 'y/ precipi-

tates.

e Prediction of the preferential damage initiation sites among the different microstruc-
tural features (annealing twin boundaries, phase interfaces, and grain boundaries)

during tensile deformation.

e Development of a micromechanical constitutive model for precipitate shearing to
predict cyclic softening during cyclic deformation of polycrystalline Ni-based super-

alloys.

o Prediction of FIPs and their correlation with the misorientation developments during

cyclic deformation of polycrystalline Ni-based superalloys.

The broad objectives of this thesis are towards the development of modeling tools for
the prediction of processing-microstructure-mechanical property correlations in Ni-based
superalloys for potential use in microstructure-sensitive materials design applications as

well as residual life assessment studies.



Chapter 3

Coupled Phase Field - Crystal
Plasticity Model for Heat
Treatment and Deformation of
Single Crystal Ni-based
Superalloys

3.1 Introduction

Single crystal nickel-based superalloys possess superior elevated temperature mechanical
properties and performance as well as excellent microstructure stability (Geddes et al.,
2010; Wei et al., 2022). This makes them amenable for use in high-temperature aerospace
applications, such as gas turbine blades (Wei et al., 2022). The typical microstructure
of single crystal superalloys is comprised of 4" precipitates in the v matrix (Reed, 2008).
The role of 4 precipitates is vital for excellent thermomechanical properties in these
precipitation-strengthened superalloys. The size, shape, and volume fraction of these
precipitates can be altered by heat treatment at different temperatures for varying dura-
tions. Thus, different heat treatments are commonly applied during the manufacturing
of Ni-based superalloy components to achieve optimal microstructures and mechanical

properties for specific applications (Lin et al., 2019).

1Signiﬁcan‘c parts of this chapter have been published in Chaudhary and Patra (2025).
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In this regard, significant research has been performed to understand the influence of heat
treatment on the microstructure and mechanical properties of Ni-based superalloys (Ai
et al., 2020; Tan et al., 2021; Su et al., 2018). Wang et al. (2020) investigated the effect of
cooling rate on the microstructure and tensile properties of single crystal Ni-based super-
alloys and revealed that as the cooling rate rises, the nucleation rate of the fy/ precipitates
increases, resulting in a larger number of smaller *y/ precipitates. Some further investiga-
tions focus on the effect of the solution and aging heat treatments on the microstructure
of Ni-based superalloys (Zhou et al., 2022; He et al., 2023). Solution treatment and ag-
ing are considered effective heat treatment methods to achieve the size, distribution, and
morphology of ’y/ precipitates for desired mechanical properties (Li et al., 2015; He et al.,
2023). Solution treatment helps to dissolve the pre-existing 'y/ precipitates. This leads
to a microstructure with a supersaturated solid solution, which can be utilized for sub-
sequent aging (Du et al., 2021). The desired size distribution and volume fraction of the
~ precipitates can be obtained by the aging process (Liu et al., 2021). Du et al. (2021)
studied the effect of solution heat treatment on the creep properties and showed improve-
ment in the creep life with increased solution treatment time. This was attributed to the
enhanced microstructural homogenization and a more uniform ’yl phase. However, exces-
sive treatment time may lead to detrimental defects that promote stress concentration and
dislocation shearing, ultimately reducing the creep resistance. While these experimental
studies provide valuable insights, detailed parametric experimental studies are typically
time and costly. Thus, it is essential to develop modeling frameworks that can study the
microstructure evolution and its effect on the underlying mechanical properties for these

alloys.

Phase field models have been widely used for simulating microstructural evolution in Ni-
based superalloys, due to their ability to capture complex phase transformations, includ-
ing precipitate growth and morphological changes. The phase field method has been
used for accurately predicting the microstructure evolution of ”y/ precipitates in Ni—Al
alloys during simple heat treatment processes (Wang et al., 1998; Attallah et al., 2016).
Previously, phase field models have focused on understanding the effects of elastic and
diffusional interactions on the morphological evolution of precipitates (Wang et al., 1998;
Wen et al., 1999; Zhu et al., 2002). The phase field studies by (Lund and Voorhees, 2002;
Vaithyanathan and Chen, 2002; Zhu et al., 2004) focus on the effect of elastic stresses on
the coarsening kinetics of the Ni-Al system. These models have been advanced by cor-
relating bulk free energies with thermodynamic databases (Grafe et al., 2000; Zhu et al.,
2002) and both thermodynamic and mobility databases (Chen et al., 2004; Wu et al.,
2004; Zhu et al., 2004). Gururajan and Abinandanan (2005) studied the microstructural
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evolution in two-phase coherent solids by focusing on the role of elastic stresses arising
from lattice parameter mismatch. Mukherjee et al. (2009) employed phase-field simu-
lations to investigate the influence of elastic misfit strain and interfacial curvature on
diffusion-controlled growth dynamics of a precipitate in a supersaturated matrix. Bhat-
tacharyya and Abinandanan (2009) explored the influence of misfit strain anisotropy on
microstructural evolution during the precipitation of an ordered § phase from a disordered
« matrix using two-dimensional phase-field simulations. This study highlights the critical
role of misfit anisotropy in determining precipitate morphology and spatial arrangement.
Further, Chafle and Mukherjee (2020) studied the effect of elasticity on the coarsening
of Ni-Al alloy using phase-field modeling. Ghosh et al. (2024) have re-parameterized the
IN740H multicomponent Ni-based superalloy into a simplified ternary Ni-Al-Mo system
using CALPHAD (CALculation of PHAse Diagram) to study the effect of molybdenum
on the coarsening of precipitates. Generally speaking, the above models have not been

used to simulate non-isothermal heat treatment processes in superalloys.

Wen et al. (2003) and Simmons et al. (2004) developed a 2D phase field model to study
microstructural evolution during continuous cooling and were able to predict the devel-
opment of a bimodal particle size distribution. Wen et al. (2006) developed a phase field
model to predict the microstructure evolution under non-isothermal heat treatment pro-
cesses. Further, the multiphase-field model introduced by Steinbach (Steinbach et al.,
1996; Steinbach and Pezzolla, 1999; Steinbach, 2009) has been used for predicting mi-
crostructure evolution during alloy solidification processes. This modeling approach has
been widely applied to superalloys, providing insights into phenomena such as dendritic
growth (Warnken et al., 2009), 4 precipitation (Kundin et al., 2012; Mushongera et al.,
2015), and rafting mechanisms (Zhou et al., 2007). In addition, Nestler et al. (2005);
Nestler and Choudhury (2011) developed a multicomponent phase field model to simulate
solidification and microstructure evolution in complex alloy systems. Further, microstruc-
ture evolution during solidification was studied in Warnken et al. (2009) and Cao et al.
(2017) by coupling the phase field model with CALPHAD thermodynamic databases. Ta
et al. (2014) performed quantitative 3D phase field simulations of binary Ni-Al alloys using
the phase field models in MICRESS, coupled with CALPHAD databases, for analyzing
the effects of alloy composition and aging temperature on the microstructure evolution.
Lin et al. (2019) performed a quantitative simulation of microstructure evolution during
the aging heat treatment, using the phase-field model, coupled with CALPHAD thermo-
dynamic and atomic mobility databases, and also validated with the experimental studies.
More recently, Bhure et al. (2025) provided thermal histories from melt pool modeling to

a phase-field model to predict the primary dendrite arm spacing during solidification by
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incorporating all the components of the CMSX-4 alloy. Thus, the phase field model, cou-
pled with the accurate thermodynamic databases, has become an effective tool to simulate
microstructure evolution during processing in Ni-based superalloys (Warnken et al., 2009;
Milenkovic et al., 2012; Ta et al., 2014, 2015; Cao et al., 2017; Lin et al., 2019).

Meanwhile, crystal plasticity finite element frameworks have been developed to predict
the anisotropic mechanical response as a function of the microstructure, thus allowing
microstructure-mechanical property correlations in superalloys (Shenoy et al., 2005; Spanos
et al., 2008; Rodas and Neu, 2018; Le Graverend, 2019; Guo et al., 2021; Ranjan et al.,
2021; Chaudhary et al., 2022). While these are separate modeling techniques, phase field
models, coupled with plasticity models (crystal plasticity or otherwise), can be used for
the prediction of the microstructure evolution as well as mechanical properties within a

single framework.

In this regard, several works have modeled plasticity at the scale of individual dislocations,
which are incorporated into phase field models (Rodney and Finel, 2000; Wang et al., 2001;
Koslowski et al., 2002; Zhou et al., 2007; Wu and Sandfeld, 2016a, 2017; Gao et al., 2019;
Varma et al., 2023, 2024; Mann et al., 2024), drawing an analogy of dislocation loops and
platelet precipitates with eigen strains. Plasticity in evolving microstructures has been ex-
tended to larger length scales through the use of mesoscale plasticity models that consider
viscous rate effects and plastic anisotropy. Coupled phase field-mesoscale plasticity mod-
els have been developed for microstructure evolution during heat treatment (Wen et al.,
2006; Rettig et al., 2015; Yang et al., 2021) and rafting (Gururajan and Abinandanan,
2007; Gaubert et al., 2008, 2010; Zhao et al., 2014; Harikrishnan and le Graverend, 2018;
Wu et al., 2020; Yang et al., 2024; Wang et al., 2025b). Gaubert et al. (2010) coupled
the phase field model with an elasto-viscoplastic model to study the microstructure evo-
lution, specifically rafting, during creep deformation, by including elastic anisotropy and
inhomogeneity. Cottura et al. (2012) incorporated strain gradient viscoplasticity into a
phase field model to predict the rafting in Ni-based superalloys. Further, a dislocation
density-based crystal plasticity model, coupled with the phase field model, was developed
for diffusion-controlled transformations to enhance the prediction of microstructure evo-
lution during diffusive phase transformations (Cottura et al., 2016). Further, (Wu et al.,
2017, 2019b) used a coupled phase-field dislocation dynamics model to show the effect
of v/ ’y/ precipitates on creep deformation of single crystal Ni-based superalloys. Wu and
Sandfeld (2016a,b, 2017) also used a coupled phase-field/continuum dislocation dynamics
model to study the effect of initial dislocation density and external stress on primary creep

and dislocation-assisted rafting. Le Graverend and Harikrishnan (2019) performed tensile
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deformation simulations using the crystal plasticity framework on cuboidal, rafted, and
topologically inverted microstructures generated using 3D multiphase-field simulations.
Le Graverend and Harikrishnan (2021) studied the effect of lattice strain using phase field
and crystal plasticity to show that larger lattice misfits in cuboidal microstructures reduce
the yield stress, strain hardening, and stress triaxiality. Further, Jogi et al. (2024) devel-
oped a phase field model incorporating both interfacial and elastic anisotropy to simulate

dendritic and split ’yl precipitates.

As can be seen, there are several coupled phase field-elasto-plasticity modeling studies that
focus on the microstructure evolution during creep, i.e., rafting. However, literature stud-
ies that simulate the microstructure evolution during the processing/heat treatment, such
as varying cooling rates, temperature gradients, or multi-step heat treatments using such
coupled approaches, are relatively few. Also, the influence of thermal processing on the
development of microstructural and deformation heterogeneity has not been extensively
studied for superalloys. Additionally, rapid cooling during the heat treatment process re-
sults in the development of residual stresses that influence the mechanical properties of
single-crystal Ni-based superalloys (Attallah et al., 2016). These stresses can either im-
prove or degrade the material’s performance, depending on their nature and distribution.
A key challenge is to model these effects accurately to optimize the heat treatment pro-
cesses for enhanced mechanical properties and performance via predictive modeling. The

present work aims to address some of these issues.

A phase field model is developed and coupled with an existing dislocation density-based
crystal plasticity model (Ranjan et al., 2021), to predict the microstructure evolution dur-
ing the heat treatment of single crystal Ni-based superalloys and their resultant mechan-
ical properties. Specifically, heat treatment simulations are performed for representative
single crystal superalloy microstructures, with different initial compositions, to predict
the effect of heat treatment temperature and time on the volume fraction and size of '
precipitates. Model predictions are compared with available literature data. Further, rep-
resentative heat treatment simulations are also performed for a commercial single crystal
superalloy, CMSX-4, and its subsequent mechanical properties are predicted in terms of
the temperature-dependent tension-compression asymmetry of yield behavior using the

previously developed crystal plasticity model (Ranjan et al., 2021).

The broad objectives of this work are towards the development of an integrated modeling
framework for the prediction of processing-microstructure-mechanical property correla-

tions in single crystal Ni-based superalloys.
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3.2 Model Description

An integrated phase field-crystal plasticity model has been developed to study the aging
kinetics and microstructure evolution during heat treatment. The aging heat treatment
is performed on a solutionized microstructure using the phase field model. Further, the
crystal plasticity model is used for deformation simulations under tensile and compres-
sive loading on the heat-treated microstructures to predict the temperature-dependent

mechanical properties.

3.2.1 Phase Field Model

The phase field method has been extensively used for modeling microstructure evolution
during solidification, dissolution, precipitation, and coarsening in various alloy systems
(Steinbach, 2009). This method is based on the evolution of one or more non-conserved
order parameters, which are used to represent the phase transformations in the system.
The free energy of the system is generally formulated as a function of this order param-
eter, and any other chemical concentration or deformation energy-dependent terms, the
total sum of which is minimized to solve for the evolution of phases for a given set of

thermal/mechanical boundary conditions.

In the present case, a binary Ni-Al alloy system is assumed to represent the microstructure
of single crystal Ni-based superalloys. This system is comprised of two phases: v phase,
which is a solid solution of aluminum in nickel, and 4" phase, which is an ordered phase
with four distinct variants, determined by the position of Al atoms within the NigAl unit
cell (Wu et al., 2019b). The phase field formulation has been adapted from Qin and
Bhadeshia (2009); Zhou et al. (2010), and is based on the Kim-Kim-Suzuki (KKS) model
(Kim et al., 1999). The two-phase microstructure is described in terms of four continuous
order parameters, 0 < ¢; < 1,7 € (1,4), that evolve over space and time in this phase field
model. Here, ¢; = 0 represents the ~ phase, ¢; = 1 represents the i*’-variant of the fy/
phase, and 0 < ¢; < 1 represents either the v/ ~' interface or interfaces of the different ~'
variants, such as an anti-phase boundary (APB) (Wu et al., 2017). A detailed description
of the four variants of the ordered parameters is provided in Wu et al. (2017). Finally,
the conserved variable, ¢, is used to represent the concentration of solute (Al) in the Ni

system.
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3.2.1.1 Evolution of the order parameter, ¢;

Evolution of the order parameter, ¢;, is adopted from Qin and Bhadeshia (Qin and
Bhadeshia, 2009), where a phase field model was proposed to study the effect of inter-
face anisotropy on the morphology of crystals for cubic crystals. The governing equation

for the evolution of the phase field parameter is written as (Qin and Bhadeshia, 2009):
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where, L denotes the phase field mobility. e(n2) describes the interface anisotropy and is

given as (Qin and Bhadeshia, 2009):
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where, €y, €1, €2, and €3 are anisotropy coefficients that control the morphology of the

precipitates. €y = 3;720 is adopted from Qin and Bhadeshia (Qin and Bhadeshia, 2009),

where 7 is the interface width and kg is a coefficient related to €y. n is the interface normal

vector, which is of the form:
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The total free energy functional, F', includes contributions from the chemical, f.pem, bulk,

(3.3)

Jouik, and deformation energy, fqcr, integrated over the volume domain (2, i.e.,
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The chemical free energy for the two-phase material is given as:
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where, V},, is the molar volume and h(¢;) is an interpolation function described later.
Further, f, and fw' are the equilibrium chemical free energies of v and ~, respectively.

These are approximated by two parabolic functions as (Zhou et al., 2010):
o\ 2
fr = (fo) (e — &) (3.6)

L= o)y (e — ) (3.7)
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where, (fo)y and (fo),/ are representative of the second derivative of the chemical free
energy near the equilibrium concentration of + and ’yl phases, respectively. ¢, and Cy
are the concentrations of Al in the v and 7 phases, respectively, and ¢, and ci, are the
equilibrium concentrations of Al in the respective phases. The local composition, ¢, is
calculated as (Zhou et al., 2010):

c=((1=h(g)) ey +h(gi)cy) (3.8)

The condition, df,/dc, = dfy/ / dcvl needs to be satisfied for local equilibrium between the
two phases, which leads to ¢/ = ¢, + (C,Y, — ¢) (Zhou et al., 2010). In these equations,
the interpolation function, h(¢;), is given as (Zhu et al., 2004):
4
h(gi) = Y [67(66F — 156, + 10)] (3.9)

=1

Here, h(¢;) is a switching function used to distinguish between the 7 and ’y/ phases.
h(¢;) = 0 for ~ phase, h(¢;) = 1 for 4 phase, while in the interfacial regions of this diffuse

interface model, h(¢;) may have values between 0 and 1.
Further, the bulk free energy is given as (Zhou et al., 2010):
Joutk = w (Z¢z 1 - ¢i) +QZZ¢2¢]> (3.10)
1=1 j#i

where, w is a coefficient related to the v/ ~' interface energy and width, and 6 is a parameter

associated with the APB energy.

Energy dissipation due to the elastic and inelastic work is represented by:

fus =(1=0(6) (3@ B), ) +h6) (3 (0 B)) (3.11)

where, o is the Cauchy stress, and F is the strain due to elastic and inelastic deformation,
represented by E = E! — E™. Here, E' is the total strain. The misfit strain due to lattice

misfit between the two phases, E™, is calculated as:

B = (1 h(g0) (2(—)) 4R (2(—)) G

(awf + aw) (avf + av)

where, a, and a.r represents the lattice parameters of v and *y/ phase, respectively. The

stresses and strains are available from the mesoscale deformation model, which is described
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in Section 3.2.2.

3.2.1.2 Evolution of Al concentration, ¢

Minimization of system’s free free energy serves as the driving force for the evolution of
the conserved variable, ¢, which represents the concentration of Al in the Ni-Al binary

solid solution. The Cahn-Hilliard equation for the same is given as Cahn (1962),

dc oF
=V -MV— 1
5 Vv \Y 9 (3.13)

where M is the chemical mobility.

3.2.2 Crystal Plasticity Framework

The crystal plasticity framework is adapted from Ranjan et al. Ranjan et al. (2021),
where it was used to predict the temperature-dependent, anisotropic mechanical properties
of single crystal superalloys. In this framework, the finite deformation gradient, F', is
multiplicatively decomposed into the elastic, F¢, inelastic, F’, and misfit, F™, parts
Musinski and McDowell (2015), i.e.,

F=F¢. F'.F™ (3.14)

where, F*¢ accounts for the elastic deformation and rigid rotation, F* accounts for the
shear due to inelastic deformation, and F™ accounts for the deformation due to misfit
strain. F° is related to the elastic Green strain tensor, E¢, as, E¢ = (1/2)(F°T - F¢ - I),
which is further related to Piola-Kirchhoff stress, § = Ceyy : E¢, where Cgyy is effective

elasticity tensor and is given as (Ranjan et al., 2021):
g g . -1
Copp ™ = ((1 — ¢) Gy Ikt 4 ¢Cp”’“—1) (3.15)

where, Cy, and C), represent the anisotropic fourth order elasticity tensors of the matrix
phase, ~, and the precipitate phase, ’y/, respectively. ¢ = ) . ¢; is obtained from the phase
field model and is used to distinguish between the two phases and the interfacial regions.
The second Piola-Kirchoff stress tensor, S, is obtained as: § = Ceys : E€. In the current
configuration, the Cauchy stress, o is related to S as: § = clet(Fe)Fe_1 o - F°

-T



Chapter 3. Processing of Single Crystal Ni-based Superalloys 36

F' is related to the inelastic velocity gradient, L’ as, Fi = ['. F'. Further, L' is the
tensor sum of the crystallographic shearing rate over all possible slip systems and given

as:

N, N,
Li:(1—¢)Zf'ya38‘®m8‘+¢i"yﬁsg®mg (3.16)
a=1 B=1
Here, sg and mg represent the unit vectors along the slip and slip plane normal directions
for slip system, ¢, in the reference configuration, respectively. Further, Ny and IV, represent
the total number of slip systems in the v and 'y/ phase, respectively. We have considered
twelve octahedral {111} < 110 > slip systems in the v phase and twenty four octahedral
{111} < 110 > slip systems (considering forward and backward directions), along with six
cube {100} < 110 > slip systems, in the ’y' phase. The cube slip systems are expected to
be activated at higher temperatures. Note that while Ranjan et al. Ranjan et al. (2021)
considered the deformation of the homogenized crystal, comprised of the v and fy/ phases,

we have explicitly considered the deformation of the individual phases in the present work.

The constitutive equations for the temperature-dependent flow rule, dislocation strength-
ening and dislocation density evolution are adopted from Ranjan et al. (2021). The crys-
tallographic shearing rate, 4%, on slip system « is modeled using a Kocks-type thermally
activated flow rule (Equation 3.17) (Kocks et al., 1975). Crystallographic shearing rate

due to the dislocation glide is given as,
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0; otherwise

(3.17)
where, 4(; is the reference strain rate, AF}" is the activation energy for dislocation glide,
k is the Boltzmann constant, 7' is the absolute temperature, 77* is the driving stress for
dislocation glide, sg; is the athermal slip resistance, sy; is the thermal slip resistance, and
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p; and ¢j' are shape parameters for the activation energy curve. Here, octahedral slip in
the v and the ’yl phases is represented as a € oct,j € v and «a € oct, j € ’yl, respectively,

while cube slip in the 7" phase is represented as a € cube, j € 7.

The driving stress for dislocation glide depends on the resolved shear stress, which in-
cludes both Schmid and non-Schmid contributions, depending on the type of slip system

(Equation 3.18). Further, driving stress for dislocation glide is given as,

s*-og-m%acoct,jEy

«
se

) (3.18)

so‘-a-mo‘+(als 1O My, + a8, -0 - M

OéEOCtJG’)/

os\w

+azsy, - oMY exp(

Sa'O"ma;OCECUbe,jG’)//

where, s* and m® are the slip and slip plane normal directions, respectively. (sge, mg‘e>,
(8%, m§,) and (8%, m%) are unit vectors along the slip and slip plane normal directions

associated with the primary edge, secondary edge, and cube planes, respectively, e; is the

effective inelastic strain in the precipitate phase and € is a material constant.

The athermal slip resistance, s§ (Equation 3.19), represents the resistance to dislocation
glide from long-range stress fields and has contributions from the Hall-Petch effect and
dislocation-based Taylor hardening. The contribution of each deformation mechanism is
determined by the phase and the specific type of slip system. The thermal slip resistance,

¢ (Equation 3.20), represents the ability of dislocations to overcome short-range stresses

through thermal vibrations. The athermal, sg;, and thermal, 7, slip resistances is are

(Z]’
written as:
N ,
S(O;j = TtO;L + k:ijjbj Z Aagpﬁ NS oct,cube,j €7, (319)
=1
5% = 7-(‘)33; « € oct,cube, j € ’y,’y/ (3.20)

where, 73 is the threshold resistance, G is the shear modulus, b; is the Burgers vec-
tor magnitude, k,; is the dislocation barrier strength, A is the matrix of slip system

dislocation interaction coefficients, and p¢ is the dislocation density on the slip system &.

The dislocation density is given as the sum of the mobile, p?wj, and immobile, pfj, dislo-

cation densities, i.e. ,0§ = p§\4j + pﬁj. Further, the rates of evolution of the mobile and
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immobile dislocation densities are given as:

e’ k?nj - 2Rc o - k% .o . /
Pitj = j3a ]7]- \ — 3, P Y| = bAT ‘vj ;a € oct,cube, j € 7,7 (3.21)
J J
[Xe’s k‘% ke’ o Ly N !
pT; = W ‘7]. ’ — kg;p1; "yj ;a0 € oct,cube, j € v,y (3.22)
J

where, k., is the material parameter associated with dislocation multiplication at pre-
existing segments, R, is the critical capture radius for annihilation of dislocation dipoles,
ky; is the material parameter associated with trapping of mobile dislocations at barriers,
and kg; is the material parameter associated with dynamic recovery of immobile disloca-

tions. The effective mean free path is given as,

Jp?—i—%;ozéoct,jév
il (3.23)

V/Pj; @ € oct,cube, j € ’y/

where, w is the channel width. The reader is referred to Ranjan et al. Ranjan et al.

(2021) for a detailed description of these models.

The integrated phase field-crystal plasticity model has been implemented in the form of two
separate material models, with the phase field variables and displacements as degrees of
freedom, in the open-source finite element solver, Multiphysics Object Oriented Simulation
Environment (MOOSE) (Permann et al., 2020). The Kim-Kim-Suzuki (KKS) model (Kim
et al., 1999) is already implemented in the MOOSE framework (Schwen et al., 2021).
Additionally, we have implemented the interfacial anisotropy model Qin and Bhadeshia
(2009) as given in Equations 3.1, 3.2, and 3.3. The crystal plasticity model distinguishes
between the two phases using the phase field variable, ¢ = >, ¢;, while the phase field
model minimizes the total free energy using the contribution from the deformation, fgey,
obtained from the crystal plasticity model. Both these models are allowed to operate
concurrently during the heat treatment simulations, while only the crystal plasticity model
is utilized during the post-heat treatment deformation simulations. Further, it will be
shown later from our model predictions that the effect of plasticity on the microstructure
evolution during aging is negligible. Subsequent to this verification, inelastic deformation
has been artificially disabled by setting a very high critical resolved shear stress on all
slip systems, thus allowing only anisotropic elastic deformation in the crystal plasticity
model during aging. This leads to a significant reduction in computational costs for our

simulations.
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In the present framework, the temperature, T', is varied uniformly in the entire simulation
domain and there is no consideration for heat transfer (conduction, convection, etc.) or as-
sociated temperature gradients. This is a reasonable assumption given the relatively small
sizes of the simulation domains considered. The thermodynamic free energies, equilibrium
concentrations, lattice parameters in the phase field model and the strengthening param-
eters in the crystal plasticity vary as a function of temperature, T. In future work, the
framework may be easily coupled with the existing heat conduction and convection mod-
ules in MOOSE for simulating thermal gradients in larger microstructures, for example,

to simulate dendritic microstructures.

3.2.2.1 Model Parameters

In the later sections, the application of the model has been demonstrated for two different
alloy systems, a commercial single crystal superalloy, CMSX-4, and a binary Ni-Al alloy,
with (5.9-6.96 wt.%Al) concentrations. The chemical composition of the CMSX-4 is given
in Table 3.1. Table 3.2 lists the phase field parameters that are the same for both alloys,

TABLE 3.1: Chemical composition of CMSX-4 (in wt. %) (Reed, 2008).

Alloy Ct Co Mo W Al Ti Ta Re Hf Ni
CMSX-4 65 96 06 64 56 1.0 6.5 3.0 0.1 Bal

while Table 3.3 lists the phase field parameters that are different for the two alloy systems.

The coefficient related to the v/ ~ interface energy and width, w, has been used as a cal-
ibration parameter. Further, Zhou et al. (Zhou et al., 2010) showed that the parameter,
# = 10, in the bulk free energy term, ensures that the APB energy is greater than twice
the v/ ~' interfacial energy, thus preventing the coalescence of 7, domains. The coefficient
related to interface anisotropic coefficient, kg, and the other interface anisotropic coefhi-
cients (€1/€p, €2/€p and €3/¢€p), control the morphology of the precipitates. We have cali-
brated these parameters to predict a cuboidal precipitate morphology during aging. The
temperature-dependent lattice parameters for v and 'yl phases are adopted from Huang et
al. (Huang et al., 2018). The chemical mobility is assumed to be constant and adopted
from Wu et al. Wu et al. (2019b).

In our simulations, the interface width is set to be equal to the initial size of the precip-
itates. Further, the temperature-dependent second derivative of the chemical free energy
near equilibrium composition, molar volume, and equilibrium concentration of Al in « and

" are adopted from Ardell Ardell (2021), where representative values have been given
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for binary Ni-Al alloys. The Gibbs free energy coefficients for CMSX-4 are taken from
Tsukada et al. (Tsukada et al., 2011). The equilibrium concentration of Al in v and 'yl
phases for CMSX-4, ¢f = 0.0711 at.% and ci, = 0.1664 at.% are taken from Kundin et
al. Kundin et al. (2012). As a first-order approximation, the Gibbs free energy and equi-
librium concentrations for CMSX-4 are assumed to remain constant over the temperature

ranges considered in this study.

TABLE 3.2: Phase field model parameters common for both CMSX-4 and Ni-Al alloy.

Parameter Value

Coefficient related to interface energy and width, 4 x 107J/m®

w

Coefficient related to APB energy, 6 10

Interfacial anisotropy coefficients, €1/eg, €2/€0, 5,1, 1

€3/€o

Lattice parameter of v, a- 4.569790585487995 x 107372 — 1.09660104402762 x 107°T +
3.592354535180594 A

Lattice parameter of 7 , ay 2.862103961503188 x 107872 + 1.370720453370645 x 10757 +
3.583046315245131A

Chemical mobility, M 1.5 x 10~%%m®/Js

TABLE 3.3: Phase field model parameters that are distinct for CMSX-4 and Ni-Al alloy.

Parameter CMSX-4 Ni-Al

Interface width, n 60nm Snm

Coefficient related to interfacial 0.123J/m? 5.010 x 1073J /m?

anisotropy, ko

Molar volume, Vi, - 3.1836 x 10707 + 6.7487 x 10~%m?® /mol
Coefficient related to free energy of  2.58 x 10%J/m? —6.8338 x 107772 4 0.2127T + 203.3014kJ /mol
7 phase,(fo),

Coefficient related to free energy of ~ 3.11 x 10°J/m? —6.8338 x 107572 +0.2127T + 203.3014kJ /mol
7 phase, (fo)./

Equilibrium concentration of Al in  0.0711 at.% 0.055027exp(8.124 x 107*T) at.%

< phase, c5

Equilibrium concentration of Al in  0.1664 at.% —1.505 x 107 137* 4 7.444 x 1071°7® — 1.313 x
~' phase: c 107572 +9.653 x 107*T — 0.02008 at.%

The crystal plasticity framework has been used previously to predict the non-Schmid yield
behavior of NigAl crystal and CMSX-4, single crystal Ni-based superalloys in the tempera-
ture range 260-1304 K Ranjan et al. (2021). The associated temperature-dependent single
crystal elastic constants are given in Table 3.4 and the crystal plasticity model parameters
for CMSX-4 are given in Table 3.5. Note that the crystal plasticity parameters are directly
taken from Ranjan et al. (2021).

In addition, 7§, is calibrated to fit the experimental data of the tension-compression

asymmetry of CMSX-4, given as:
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TABLE 3.4: Temperature-dependent elastic constants for the v and 7/ phases (Keshavarz

et al., 2016).
Parameter Value
C11 = (298.0 — 0.096T") GPa
~ Ch2 = (191.0 — 0.057T") GPa

)

)
Cys = (139.0 — 0.035T) GPa
C11 = (325.0 — 0.0967) GPa

5 Cha = (209.0 — 0.057T) GPa
Cyus = (144.0 — 0.035T) GPa

TABLE 3.5: Crystal plasticity model parameters for the v and fy/ phases adopted from
Ranjan et al. (2021).

Parameters « € oct, o € oct, a € cube,
jEm(v) iep (v) iep (v)

Glide flow rule: 1 x 10?, 1, 1 x 1072,
Yo7 (s71), 0.35Gb3, 0.3, 1.7  1.5Gb%, 0.3, 1.7 4.5Gb, 1, 1

AFY, ps, qf
Dislocation hardening: 0.31,1,1x10"% 0.31,1,1x107* 0.31, 1,1 x 10~
ke Acc fof
p3? )
Initial dislocation 1x 10" 1x 10" 1x109 1x109 1x10%,1x 10

densities: p§; (m~2)

Py (m~?)
Dislocation evolution: 0.15, 6b, 0.12, 0.07, 6b, 0.065, 0.07, 6b, 0.065,
kmj» Be, kg5, kg 1000 600 6
Thermal slip 10 5 5)
resistance: sg; (MPa)
Burgers vector 0.249 0.249 0.249

magnitude: b (nm)

s €oct,j €y

o (MPa) 4.409 x 10% 4 7.095 x 10727 — 3.817 x 107°T%; T < 923K;
7'0,' a) =
! 5.961 x 10* — 1.698 x 10°T + 1.642 x 107172 — 5.297 x 107°T3; T > 923K

(3.24)

3.3 Model Predictions

The model is used to predict the microstructure evolution in single crystal superalloys

subjected to aging heat treatments.
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Three different case studies have been simulated to demonstrate the model’s predictive

capabilities.

e The first case study involves 2D and 3D simulations of two-stage aging heat treat-
ment of a commercial single crystal superalloy, CMSX-4, followed by prediction of the
tension-compression asymmetry during quasi-static mechanical loading of the heat-
treated microstructure. Model predictions of precipitate size evolution are compared
with the experimental data from Sengupta et al. (1994), while the predicted mechan-
ical properties are compared with the experimental data from Allan (1995). Both

2D and 3D simulations are performed and their equivalence is demonstrated.

e The second case study involves 2D simulations of coarsening in larger microstructures
of CMSX-4 during isothermal aging at 1223 K. Model predictions of the precipitate
size and volume fraction evolution are compared with the experimental data from
Lapin et al. (2009). Further, the effect of varying the cooling rate on the microstruc-

ture evolution is also demonstrated.

e The third case study involves 2D simulations of short term aging of a Ni-Al system
with composition in the range (12-14 at.%Al) in the temperature range 823-988 K.
Experimental data from Plotnikov et al. (2014) and Ardell (1968) have been used
to compare model predictions of the precipitate size evolution as a function of the

aging time.

3.3.1 Case Study 1
3.3.1.1 Prediction of Precipitation Kinetics for CMSX-4

In this case study, the model is used to predict the microstructure evolution subjected to
high temperature aging at 1353 K for 4 h, followed by air cooling, and then followed by
aging at 1144 K for 20 h. This heat treatment regime is schematically shown in Figure
3.1(a) and is commonly used for CMSX-4 (Sengupta et al., 1994). As reported in Sengupta
et al. (1994), this aging heat treatment, after the solution treatment (which has not been
simulated), for CMSX-4 leads to an average ~' precipitate average size of 0.3 ym, with cube
shape. In the phase field model, the temperature dependence of the mobility parameter,
L, has been calibrated by predicting the response for this heat treatment. Here, L is the
parameter which has been calibrated to predict the microstructure evolution for the heat

treatments in case studies I and II. Specifically, L. has been calibrated for the simulation
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at 1143 K and 1353 K for heat treatment of case study I and 1223 K isothermal heat
treatment for case study II. The calibrated value of the mobility parameter was then fit

to an Arrhenius equation of the following form:

3.9025 x 10719

L=6.324%x10"3 -
6.324 x 10 ea:p( T

) m3J 171 1144K < T < 1353K (3.25)
where, T' is the absolute temperature and k is the Boltzmann constant. The calibrated

value of the phase-field mobility parameter, L, is plotted as a function of temperature in
Figure 3.1(b).
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FIGURE 3.1: (a) Schematic of the aging heat treatment, as also used by Sengupta et al.
(1994), for CMSX-4. (b) Calibrated value of the phase field mobility, L, as a function of
temperature, T, along with the fit to the Arrhenius equation.

2D and 3D simulation domains of 0.75 x 0.75um and 0.75 x 0.75 x 0.75um were used,
considering the "expected" final volume fraction and size of the precipitates. Note that
simulations with different domain sizes have been performed in the subsequent case studies
to verify that the evolution of precipitate size/volume fraction is not domain size depen-
dent. For the present case study, the simulation domain was meshed using either 2D
square-shaped or 3D hexahedral elements, with linear interpolation, and an element size
of 0.0375 pm. The two-phase misconstrue is represented by four order parameters, ¢;
due to which a minimum of four 4" nuclei are required to model the v/ ~" interface or the
antiphase boundaries. Thus, Four fyl nuclei in the 2D domain, and eight ’y/ nuclei in the
3D domain, were instantiated with [001] crystallographic orientation with an initial radius
of 0.03 pm and an interface width of 0.06 pum. Note that while MOOSE allows for mesh
adaptivity, we have not used the same in our simulations for computational efficiency.
Different sets of simulations have been performed, considering only elasticity and consid-
ering both elasticity and crystal plasticity in the 2D and 3D domains. Periodic boundary
conditions were applied to all the faces of the cube, while the bottom left corner was fixed

in all degrees of freedom to prevent rigid body motion.
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Figure 3.2 shows the aged microstructure, in terms of the phase field variable, c¢4;(at.%),
after heat treatment for 25 h for the different (a,b) 2D, and (c,d, e,f) 3D simulations, with
and without plasticity. Note that elasticity has been considered in all the simulations.
While the final microstructure after heat treatment has been shown in Figure 3.2, the
evolution of the microstructure in the 2D simulation (with plasticity) at intermediate time
steps is shown in Figure 3.3 after (a) 0.1 h, (b) 0.5 h, (¢) 1 h and (d) 5 h. The different
2D and 3D simulations result in similar precipitate evolution characteristics as in Figure

3.3 and hence they are not shown separately.

These results show the evolution of precipitates to the cuboidal shape from the initial
circular /spherical nuclei. 7/ precipitates start to grow from smaller nuclei during aging.
During aging, the precipitate growth is generally governed by the minimization of the free
energy of the system. As ’yl precipitates grow, they tend to adopt more stable morpholo-
gies, evolving from circular/spherical to square/cuboidal shapes, thus lowering the surface
energy associated with the interfaces (Ardell, 1968). Here, the free energy of the system
and the equilibrium concentration depend on the heat treatment temperature. Thus, the

precipitation kinetics are also expected to be affected by the heat treatment temperature.

As can be seen from Figure 3.2, the predictions of the precipitate shape, with and with-
out plasticity, are almost the same from both 2D and 3D simulations. This is because
only hydrostatic stresses develop due to the misfit strains during aging (Luo et al., 2022).
Since the deviatoric stress components are absent, no plastic deformation occurs in these
microstructures. Given this observation, all subsequent simulations presented here are
performed only with elasticity, and without crystal plasticity, to save computational costs.
Crystal plasticity simulations are generally more computationally intensive due to the it-
erative decomposition of the total deformation gradient into the elastic and inelastic parts,
and the associated matrix inversions (cf. Patra et al. (2023)). Nonetheless, anisotropic

crystalline elasticity is considered in all simulations.

It can be seen from Figure 3.3(a-d) that the size of the precipitates increases with aging
time, increasing from an initial size of 60 nm to 300 nm. It is worth noting that the
precipitate size saturates to 300 nm within the initial 5 h of aging, along with a saturation in
the volume fraction. This is also evident from the line plots in Figure 3.3 (e,f), which show
the evolution of the precipitate size and the volume fraction as a function of aging time,
respectively, from the different 2D and 3D simulations. There is no experimental result to
directly validate this predicted trend. The predicted size of the precipitates at the end of
the heat treatment is comparable with the experimental observations reported by Sengupta

et al. (1994), where the precipitate size after heat treatment was measured to be around
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FIGURE 3.2: Predicted precipitate morphology in CMSX-4 shown in terms of the field

variable, c(at.%), after the aging heat treatment as predicted in the (a) 2D domain with

elasticity, (b) 2D domain with plasticity, (c¢,d) 3D domain with elasticity, and (e,f) 3D

domain with plasticity. For the 3D simulations, the YZ plane at an intermediate section
is shown in (¢) and (e), while the isometric view is shown in (d) and (f).
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300 nm. The precipitate size increases linearly with aging time initially during the growth
stage, and as the volume fraction reaches a steady state, the size of the precipitates remains
almost constant. The volume fraction of the precipitates (Figure 3.3(d)) also increases in
the growth stage, until the concentration of Al reaches the equilibrium concentration
in the v and fyl phases. Subsequently, the volume fraction remains almost constant in
the steady-state region. The steady-state volume fraction of the simulation reaches 0.62,
which is close to the volume fraction reported for CMSX-4 (i.e., 0.70) (Sengupta et al.,
1994). The multi-component phase field model and temperature-dependent phase field
parameters can be further calibrated to improve this prediction. Further, mesh adaptivity
could also be used to refine the predictions, especially in the interfacial regions, however
at higher computational costs. Finally, line plots of the evolution of precipitate sizes and
volume fractions as a function of time from the different 2D and 3D simulations, with and
without consideration of plasticity, follow similar trends. This is in line with the earlier

observations of the same from the contour plots shown in Figure 3.2.

3.3.1.2 Prediction of Tension-Compression Asymmetry

The size, volume fraction, and morphology of the precipitates affect the mechanical prop-
erties of the single crystal superalloys. The aged microstructure predicted by the phase
field model is used as an input for the deformation simulations, where only crystal plastic-
ity is considered. This aged microstructure is shown in Figure 3.4(a) and is representative
of a CMSX-4 single crystal superalloy oriented for [0 0 1] loading. In these simulations,
the material is loaded at a quasi-static strain rate of 1073s~! at different deformation tem-
peratures. A schematic of the symmetric boundary conditions used in these deformation
simulations is also shown in Figure 3.4(a)), such that displacements normal to the three
adjacent faces on the rear side are set to zero and all degrees of freedom are restricted on
the corner node at the back. Further, displacement-controlled loading, either in tension
or compression, at the prescribed strain rate, is applied along the [0 0 1] direction on the

top face.

Figure 3.4(b) shows the predicted tensile and compressive 0.2 % yield stress for different
temperatures, as compared with the corresponding experimental data from Allan (Allan,
1995). Overall, the model predictions are in good agreement with the experimental data
for all the temperatures. The precipitate phase in these superalloys demonstrates anoma-
lous yield behavior (increase in yield stress with temperature and tension-compression
asymmetry), which is generally attributed to the formation of Kear-Wilsdorf (KW) locks
and temperature-dependent cross-slip phenomena (Paidar et al., 1984; Shenoy et al., 2008;
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FIGURE 3.3: Predicted precipitate morphology in CMSX-4 shown in terms of the field

variable, c(at.%), after (a) 0.1 h, (b) 0.5 h, (¢) 1 h, (d) 5 h from the 2D simulation

with plasticity. Predicted evolution of precipitate (e) size, and (f) volume fraction during

heat treatment from the 2D and 3D simulations with elasticity and with plasticity. The

experimentally reported precipitate size (Sengupta et al., 1994) at the end of the heat
treatment is also shown using the black symbol in (e).

Ranjan et al., 2021). As a result, the super-dislocations may dissociate into two super par-
tials, which may further split into Shockley partials, thus creating complex stacking faults
and anti-phase boundaries (Keshavarz et al., 2016). Further, cross-slip of dislocations
onto the <001> cube plane may also hinder subsequent dislocation glide. As a result, the
individual Shockley partials must constrict for dislocation glide to occur (Ghorbanpour
et al., 2020; Ranjan et al., 2021). In our crystal plasticity model, the driving force for
dislocation glide with consideration for non-Schmid stresses (cf. Equation 3.18) accounts
for the constriction of the dislocation core (cf. Ranjan et al. (2021)). This is a loading

orientation- and temperature-dependent phenomenon.
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While Ranjan et al. Ranjan et al. (2021) had predicted the temperature-dependent tension-
compression anisotropy of CMSX-4 using a homogenized model, we have shown the same
here for the aged microstructure, which was predicted using the coupled phase field-crystal
plasticity simulation, with the explicit evolution of the v and 7l phases. This demonstrates
the capability of the model to predict processing-microstructure-mechanical property cor-

relations in single crystal Ni-based superalloys.
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FIGURE 3.4: (a) Schematic of loading and boundary conditions shown on the aged CMSX-

4 microstructure oriented for [0 0 1] loading, as predicted by the coupled phase field-crystal

plasticity model. (b) Predicted 0.2% offset yield stress during quasi-static tensile and com-

pressive loading as a function of the loading temperature using the crystal plasticity model

and comparison with the corresponding experimental data from Allan (1995) (shown in
symbols), highlighting the tension-compression asymmetry.

3.3.2 Case Study II
3.3.2.1 Microstructure Evolution During Isothermal Aging

The model is further used to predict the microstructure evolution of CMSX-4 during long-
term isothermal aging at 1223 K. Model predictions of the average precipitate size and
volume fraction have been compared with the experimental data given in Lapin et al.
(2009), which used this aging treatment after the solution treatment for CMSX-4. Note
that no additional fitting was performed for the phase field mobility parameter and the

model predictions for this case study serve as validation of the fitted parameter.

For this case study, larger 2D simulation domains of 5 x 5um, 4 X 4pum and 3 x 3um were
considered, with different numbers of initial nuclei in the different domains. The reason for
considering three different simulation domains was to establish the invariance of the model
predictions to the size of the simulation domain. The domain was meshed with a mesh size
of 0.05 wm using square-shaped elements with linear interpolation. To ensure accurate

mesh discretization, the element size must be smaller than the characteristic interface
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width, allowing for proper resolution of interfacial gradients. Typical grid sizes in phase-
field modelling of Ni-based superalloys lie in the tens of nanometres in the literature (Zhou
et al., 2010; Le Graverend and Harikrishnan, 2019, 2021). 728, 500, and 265 'y’ nuclei,
with circular shape, were randomly instantiated in the 5 x 5pum, 4 X 4um, and 3 X 3um
simulation domains, respectively. An initial diameter of 0.06 pm and [001] crystallographic
orientation was assigned for all nuclei. Further, an interface width of 0.06 pym was used in
all the simulations. Periodic boundary conditions were applied on the lateral faces, while
the bottom left corner was constrained in the displacement degrees of freedom to prevent
rigid body motion. There was no consideration for plasticity in these simulations, and
only elasticity was allowed. As we have shown earlier, model predictions with and without

plasticity do not show appreciable differences in the precipitate morphology or size.

Figure 3.5 shows the microstructure evolution after aging at 1 h, 500 h, and 2000 h for
the three different microstructures. During the initial stages, the size of the precipitate
increases, and the shape becomes square. However, it can be seen that the phenomenon
of precipitate coarsening becomes dominant during the later stages. During this period,
the larger precipitates increase in size at the expense of the smaller ones. This is generally
referred to as Ostwald ripening (Voorhees, 1985) and is thermodynamically driven by the
decrease in the "total' surface area of the system. As a result, the number of precipi-
tates decreases, but the average precipitate size increases. Qualitatively, these predicted
microstructures agree with the experimental counterparts reported in (Lapin et al., 2009;
Kundin et al., 2012).

Figure 3.6(a) shows the predicted evolution of the average precipitate size with time, while
Figure 3.6(b) shows the evolution of the precipitate volume fraction with time, as com-
pared with the respective experimental data from Lapin et al. (2009). Predictions from all
three simulations are plotted here. The size of the precipitates increases with aging time
from an initial size of 60 nm to 490 nm (Figure 3.6(a)). The predicted size of the precipi-
tates is qualitatively comparable with experimental observations reported by Lapin et al.
(2009). While there are some differences in the precipitate size from the different simu-
lations, their long-term evolution behavior appears to be qualitatively similar. Moreover,
the predicted precipitate size evolution approaches the experimental values using larger
simulation domains. It can be seen from Figure 3.6(b) that the volume fraction of the
precipitates increases rapidly during the growth stage as Al atoms diffuse and contribute
to the formation of the 7' phase. This increase continues until the Al concentration in
both the v matrix and the « precipitates reaches equilibrium. Subsequently, the system

enters a steady-state regime, where the volume fraction of precipitates saturates and does
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FIGURE 3.5: Predicted precipitate morphology in CMSX-4 shown in terms of the field
variable, ¢(at.%), as a function of time during aging at 1223 K for different simulation
domain sizes.

not vary appreciably with time. The predicted volume fraction of the ’y/phase after 2000
h is 0.62, which is slightly under-predicted as compared to the experimentally reported
value of 0.7 (Lapin et al., 2009). As the precipitate volume fraction saturates, a further
increase in precipitate size occurs primarily due to coarsening, where larger precipitates
grow at the expense of smaller ones. We note that there is an under-prediction of the
precipitate volume during long term aging. This could be due to the fact that the exact
free energy functions of CMSX-4 have not been used in the present work, rather they have

been approximated as a two component system (cf. Table 3.3).

Nonetheless, these results demonstrate the capability of the model to predict the long-
term microstructure evolution during aging in single crystal Ni-based superalloys. In
future work, the model applications could also be extended to rafting simulations in the

presence of external loads.
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FIGURE 3.6: Predicted evolution of (a) average precipitate size, and (b) volume fraction
during isothermal aging at 1223 K from the 2D simulations with different domain sizes
as compared with the experimental data from Lapin et al. (2009).

3.3.2.2 Effect of Cooling Rate on Microstructure Evolution

The model is also used to predict the effect of the cooling rate on precipitate evolution
for CMSX-4. As mentioned earlier, the temperature was assumed to be the same in the
entire simulation domain, without consideration for temperature gradients. 2D simulation
domains of 3 x 3um were considered with 265 randomly instantiated nuclei. The domain
was meshed using square-shaped elements with a mesh size of 0.05 pm and an initial
precipitate size of 0.06 3 x 3um, with [001] crystallographic orientation. All other model

parameters and boundary conditions are the same as previous section.

The cooling simulations have been performed starting from an initial temperature of 1353
K, under the assumption of an initial solutionized microstructure. These microstructures
were subject to four different cooling rates, namely 10 K/s, 1 K/s, 0.1 K/s and 0.01
K/s, respectively, until a temperature of 300 K is reached. Figure 3.7 (a) shows the
schematic evolution of the temperature as a function of time, which are applied as bound-
ary conditions in these simulations. The corresponding evolution of the volume fraction
of precipitates with time is shown in Figure 3.7 (b). Figures 3.7 (c), (d), (e) and (f) show
the corresponding morphology of the precipitates after cooling to room temperature with
cooling rates of 10 K/s, 1 K/s, 0.1 K/s and 0.01 K/s, respectively.

These simulations indicate that the cooling rate plays a critical role on the volume fraction
and size of the 4 precipitates. Coarse, cuboidal 4" precipitates are observed at relatively
slower cooling rates. On the other hand, the morphology of the precipitates is irregular and
circular in shape as the cooling rate increases. Further, the simulations with higher cooling
rates exhibit a lower volume fraction of 7/ precipitates, which are also smaller in size. While
there are no experimental studies to quantitatively compare our model predictions, these

results compare qualitatively with the experimental studies on CMSX-2 Grosdidier et al.
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(1998) and UDIMET 720Li Radis et al. (2009). It was observed in both these studies that
the precipitate size increases as the cooling rate decreases. The former study Grosdidier
et al. (1998) also noted that the precipitate volume fraction increased with a decrease in
cooling rate. HEssentially, sufficient time is not available for the nucleation and growth of
the precipitates at higher cooling rates, with a very low volume fraction of precipitates
formed after cooling at 1 K/s and 10 K/s. While nucleation is not considered explicitly,

the predicted trends are attributed to the growth kinetics in our model.
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FIGURE 3.7: (a) Temperature versus time history for the simulations with different cool-

ing rates. (b) Predicted precipitate volume fraction as a function of cooling time from the

simulations with different cooling rates. Predicted precipitate morphology shown in terms

of the field variable, c(at.%), after cooling to room temperature for the cooling rates: (c)
10 K/s, (d) 1 K/s, (e) 0.1 K/s, (f) 0.01 K/s in a simulation domain of 3 x 3um.

3.3.3 Case Study III

This case study presents predictions of isothermal aging for Ni-Al alloys at relatively lower
temperatures and for different durations. Relevant experimental data for the coarsening
kinetics of v precipitates for Ni-12.5 at.%Al at 823 K and 873 K are taken from Plotnikov
et al. (2014), while similar isothermal aging data for Ni-13.53 at.%Al at 898 K and 988 K
are taken from Ardell (1968).
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2D domains of 0.5 x 0.5um were considered for all cases, with the mesh size of 0.0025 pm.
29 4" nuclei were randomly instantiated, with an initial radius of 4 nm and an interface
width of 5 nm. Note that a smaller initial nucleus size was used in these simulations, in
order to accurately capture the initial growth kinetics of precipitate evolution. All nuclei
were assigned a [001] crystallographic orientation. Similar boundary conditions were used,
as in the previous case studies. Except for the mobility parameter, L, the same phase field
parameters as used in the previous case studies are used to simulate this heat treatment.
The mobility parameter was calibrated to predict the experimentally observed precipitate
size during the heat treatments, and the temperature-dependent value of L is reported at

the end of this section.

During isothermal aging of Ni-Al alloys, the v precipitates nucleate and grow from the
supersaturated v matrix due to a strong chemical driving force. While we have simu-
lated the latter here, the nucleation process is assumed to have occurred before our aging
simulations. The morphology of the aged precipitates at 823 K and 873 K after 256 h
for Ni-12.5 at.%Al and at 898 K after 93 h and 988 K after 25 h for Ni-13.53 at.%Al
are plotted in Figure 3.8. It can be seen that the morphology of the precipitates evolves
with different aging temperatures and durations. Starting from the initial circular shape,
the morphology of the precipitates at 823 K is still circular for these relatively smaller '
precipitates, whereas the precipitate morphology changes from circular to square shape
at higher temperatures. Plotnikov et al. Plotnikov et al. (2014) also reported that the
shape of the precipitates evolves from spherical to cuboidal after 100 h, while Ardell Ardell
(1968) reported the shape of the precipitates to be cuboidal after aging.

The volume fraction of the precipitates is plotted as a function of the aging time for the
different simulations in Figure 3.9. It can be seen that the volume fraction increases almost
linearly with time during the initial stages for all cases, and the respective rates depend
on the aging temperature. During this stage, the precipitates grow by drawing solute from
the v matrix. This leads to a gradual increase in the ’y/ volume fraction, which approaches
a steady-state value over time. At lower aging temperatures, the diffusion of aluminum
is expected to be relatively slower, whereas the rate of diffusion is expected to be higher
at higher temperatures. As a result, rapid growth occurs at higher temperatures, and the
volume fraction approaches the equilibrium value more quickly. This is observed for the
simulation at 988 K, where saturation in the volume fraction occurs at a relatively shorter

time as compared to the other simulations at lower temperatures.

The evolution of the average precipitate size with aging time for the different aging tem-

peratures and alloy compositions is shown in Figure 3.10 (a) and (b), as compared with the
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FI1GURE 3.8: Predicted precipitate morphology in two different Ni-Al systems shown in

terms of the field variable, ¢(at.%), after isothermal aging at (a) 823 K for 256 h, (b) 873

K for 256 h for Ni-12.5 at.%Al, and at (c) 898 K for 93 h, (d) 988 K for 25 h for Ni-13.53
at. %Al

respective experimental data from Plotnikov et al. (2014); Ardell (1968). As can be seen,
the model is able to predict the experimentally measured precipitate size with reasonable
accuracy in all cases. The average precipitate size remains relatively small even after pro-
longed aging, in the range of 10-30 nm after several hours at 823 K and 873 K. At 988 K,
the precipitates grow rapidly in size initially, and this growth rate decreases after 20 h. In
our model, the phase field mobility, L, has been calibrated to obtain this experimentally
observed behavior. The temperature dependence of the phase field mobility, L, has then

been fit to an Arrhenius-type model according to the following equation:

3.9025 x 10719

L = 2.3424exp (— T

> m3J s 823K < T < 988K (3.26)
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FIGURE 3.9: Evolution of the volume fraction of precipitates during isothermal aging at
(a) 823 K, (b) 873 K for Ni-12.5 at.%Al, and (c) 898 K, (d) 988 K for Ni-13.53 at.%AL
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F1GURE 3.10: Predicted evolution of the average precipitate size during isothermal aging

at (a) 823 K and 873 K for Ni-12.5 at.%Al, and at (b) 898 K and 988 K for Ni-13.53

at.%Al as compared with the respective experimental data from (Plotnikov et al., 2014;

Ardell, 1968). Experimental data are shown using symbols, while the model predictions

are shown using lines. (c) Calibrated value of the phase-field mobility, L, as a function of
temperature, 7.
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This mobility parameter, L, is plotted as a function of temperature in Figure 3.10(c), along
with the fitted equation. While the value of the term within the exponential, physically
representative of the activation energy for mobility, is the same as used earlier for CMSX-4,

the pre-exponential term has a higher value in the present case.

Note that these aging temperatures are significantly lower than those used previously
for CMSX-4. The results presented in this case study demonstrate the applicability of
the model for predicting the precipitate morphology and sizes for relatively lower aging

temperatures and different alloy compositions.

3.4 Concluding Remarks

A phase field model is developed and integrated with a dislocation density-based crystal
plasticity framework to predict the microstructure evolution during aging heat treatment
and the mechanical properties of the aged microstructures of single crystal Ni-based su-
peralloys. The phase field model, which has been adapted from (Qin and Bhadeshia, 2009;
Zhou et al., 2010), and is based on the Kim-Kim-Suzuki (KKS) model (Kim et al., 1999),
accounts for the anisotropic growth and coarsening of precipitates during aging. Specifi-
cally, the interfacial anisotropy in the phase field model is used to model the morphologi-
cal evolution of precipitates from an initial spherical/circular shape to a cuboidal /square
shape, which is a characteristic feature of 4’ precipitate growth in superalloys. The crystal
plasticity model has been adopted from (Ranjan et al., 2021) and is used to predict the

mechanical properties of the aged microstructures.

Application of the model has been demonstrated in the form of three case studies, which

are listed in the following:

e The first case study simulates the two stage aging of a commercial single crystal
superalloy, CMSX-4. Verification of the model predictions have been performed us-
ing 2D and 3D simulations, considering only elasticity and with plasticity. Model
predictions of the precipitate morphology and volume fraction, from the 2D and
3D simulations, with and without plasticity, are similar and comparable with the
experimental values from the literature. Further, the mechanical properties of the
3D aged microstructures have predicted in the form of the temperature-dependent
tension-compression asymmetry, which also shows a good comparison with experi-

mental data from the literature.
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e The second case study simulates long term aging of CMSX-4 in relatively larger 2D
microstructures. The model predicts a saturation in the average precipitate volume
fraction and subsequent coarsening. The model is able to qualitatively predict the
average precipitate size and volume fraction, as observed in the experiments. Fur-
ther, the effect of varying the cooling rate on the microstructure evolution is also

demonstrated.

e The third case study simulates aging in 2D microstructures of Ni-Al alloys, with
different compositions, at relatively lower temperatures. The model is able to predict
the evolution in the precipitate morphology from circular to square shapes, as well as
the experimentally observed evolution of average precipitate size for different alloy

compositions.

As a first order approximation, we have assumed a binary Ni—Al system, with parabolic
free energy functions, for the v and fyl phases in the present work. While this approach
captures the essential thermodynamic features governing phase evolution, it might not
fully reproduce the quantitative microstructural evolution observed in multicomponent Ni-
based superalloys such as CMSX-4. In future work, this framework may be enhanced by
incorporating CALPHAD-based multi-component Gibbs free energy functions to improve
the predictive fidelity. The crystal plasticity model used for predicting the mechanical
properties also does not have consideration for the alloy chemistry at present. For example,
solid solution strengthening is expected to be composition dependent and may influence
the strength of both the v and ~ phases. Further, this framework can also be coupled
with heat transfer models in the future to simulate realistic heat treatments and dendritic
microstructures. These model considerations will allow the use of the modeling framework
for alloy design. Note that only the ~ and ~ phases are considered in our model for single
crystal Ni-based superalloys. The single crystal superalloys may also have carbides and
borides (Lamm and Singer, 2007; Reed, 2008; Steuer et al., 2015; Liu et al., 2022). The
effect of these are not considered in our model due to their relatively low volume fractions

and negligible influence on the mechanical properties.

Overall, this integrated phase field-crystal plasticity framework offers a powerful tool for
studying the processing-microstructure-mechanical property correlations in single crystal
Ni-based superalloys. The precipitate morphology and size in these alloys depend on the
heat treatment and influence the post-processing mechanical properties. Integrating the
two different modeling techniques into one framework offers the scope for computational

design of single crystal superalloys by optimizing heat treatment processes to improve the
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mechanical properties. However, significant experimental validation and uncertainty quan-
tification are required before the adoption of these models in industrial design processes,

which also requires certification at various levels. These may be explored in future work.



Chapter 4

Crystal Plasticity Constitutive
Modeling of Tensile, Creep and
Cyclic Deformation in Single

Crystal Ni-based Superalloys

4.1 Introduction

Nickel-based superalloys are widely used in applications that require superior elevated tem-
perature properties like high strength, high toughness, relatively high creep resistance, and
thermal fatigue resistance (Geddes et al., 2010). Turbine blades and turbine discs of mod-
ern gas turbines, burner cans and vanes are some engineering applications where Ni-based
superalloys are used (Antolovich, 1996). The mechanical properties of Ni-based superal-
loys are governed by their underlying microstructure. Generally, these alloys comprise of
a two-phase microstructure: a Ni-rich solid solution, with FCC crystal structure, called
the v phase, and coherent Llo-type, long-range ordered intermetallic Ni3Al precipitates,
called the 'y/ phase (Murakumo et al., 2004). Several factors influence the deformation
behavior of these alloys: (i) Orowan looping of matrix dislocations around precipitates
(Fedelich et al., 2009); (ii) interface coherency stress (Tinga et al., 2008); (iii) activation
of cube slip in the ’y/ phase (Tinga et al., 2009b; Wang et al., 2016a); and (iv) shear-
ing of precipitates by super dislocations, which leads to the formation of APBs (Allan,

1Signiﬁcant parts of this chapter have been published in Chaudhary et al. (2022).
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1995; Keshavarz and Ghosh, 2015a). These factors contribute to anisotropic, orientation-
and temperature-dependent deformation in Ni-based superalloys (Ranjan et al., 2021).
Contrary to conventional metals and alloys, these superalloys show an anomalous yield
behavior, with little or no decrease in yield strength with temperature up to a certain
value, after which yield strength decreases. This makes them suitable for use in elevated
temperature applications (Westbrook, 1957; Flinn, 1960; Shenoy et al., 2008). Further,
rafting, directional coarsening of cuboidal ’yl phase into lamellar structures, usually oc-
curs at temperatures above 900 °C, which significantly affects the creep deformation of

superalloy single crystals (Fan et al., 2015).

Creep deformation of single crystal superalloys is anisotropic and depends on the stress,
temperature, and loading orientation (Sims et al., 1987; Stouffer and Dame, 1996; Xia et al.,
2020). Single crystal superalloys show tertiary creep behavior, along with a small amount
of steady-state creep at temperatures greater than 850 °C (Ghosh et al., 1990; Reed, 2008;
Titus et al., 2012). Deformation near [001] crystal orientations primarily occurs due to
the glide/climb of dislocations on the octahedral slip systems {111} < 110 > (Pollock and
Argon, 1994). Glide/climb of dislocations on the {001} < 110 > cube slip systems have
been observed near the [111] crystal orientation at high temperatures (Sun and Hazzledine,
1996; Matan et al., 1999a). Although the role of cube slip on deformation is not yet fully
understood, but experimental observations by (Clement et al., 1991; Osterle et al., 2000;
Tinga et al., 2009b; Wang et al., 2016a) are indicative of the activation of cube slip near the
[111] orientations. Rafting of 7/ precipitates was first observed in Ni-based superalloys by
Webster and Sullivan (1967). It strongly depends on the elastic constants of -y /’yl phases,
the sign of applied stress and lattice misfits (Chang and Allen, 1991; Ignat et al., 1993,;
Pollock and Argon, 1994; Nabarro, 1996; Svoboda and Lukas, 1996; Laberge et al., 1997;
Ohashi et al., 1997; Henderson et al., 1998; Mughrabi and Tetzlaff, 2000; Epishin et al.,
2000; Titus et al., 2012; Mughrabi, 2014). Experimental studies have revealed that rafting
occurs parallel (or perpendicular) to the loading axis under compression (or tension) for
alloys with negative lattice misfit (Lukas et al., 1996). It was also reported that rafting
does not occur during creep loading along the [111] orientation (Liu et al., 2008; Yu et al.,
2013).

Several continuum crystal plasticity models have been developed to predict the temper-
ature and orientation-dependent deformation behavior of Ni-based superalloys (Ghosh
et al., 1990; Qin and Bassani, 1992; Allan, 1995; Brehm and Glatzel, 1999; MacLachlan
and Knowles, 2000; Ma et al., 2008; Shenoy et al., 2008; Tinga et al., 2009a; Staroselsky
and Cassenti, 2011; Vattré and Fedelich, 2011; Le Graverend et al., 2014; Keshavarz and
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Ghosh, 2015a; Keshavarz et al., 2016; Ghorbanpour et al., 2017; Rodas and Neu, 2018;
Yu et al., 2020c; Agaram et al., 2021; Gupta and Bronkhorst, 2021; Ranjan et al., 2021).
A power law model, with consideration for the shearing of the (112) super-partials, was
proposed by MacLachlan and Knowles (2000). This model was able to predict the creep re-
sponse for the [001] and [111] loading orientations. Ma et al. (2008) proposed a dislocation
density-based crystal plasticity model, with consideration for climb in the precipitates and
a creep flow rule. Model predictions were in good agreement for all the creep stages for the
[001] orientations. Le Graverend et al. (2014) developed a microstructure-sensitive model
to investigate non-isothermal creep, fatigue, and creep-fatigue response. However, this
model is only valid for the creep of single crystal alloys with negative lattice misfit under
tension. Keshavarz and Ghosh (2015a) proposed a dislocation density-based non-Schmid
crystal plasticity model to predict anomalous thermo-mechanical behavior for NigAl single
crystals. Gupta and Bronkhorst (2021) proposed a crystal plasticity model with separate
flow rules for the v and ~ phases that includes the effects of strengthening mechanisms
like Orowan hardening, 7/ contribution to initial slip resistance, and Anti-Phase Boundary
(APB) shearing of 7/ phase.

A number of studies have proposed crystal viscoplasticity models to capture the creep-
fatigue interactions. Rodas and Neu (2018) has extended the model proposed by Ma
et al. (2008) to predict 3-D creep-fatigue interactions by adding backstress formulations,
strain rate sensitivity exponent, and dislocation evolution. The effect of orientation on
the mechanical response of single crystal alloys has been modeled and compared with
experiments by (Sabnis et al., 2013; Su et al., 2020). Crystal plasticity constitutive models
have also been proposed for polycrystalline Ni-based superalloys (Shenoy, 2006; Shenoy
et al., 2008; Zhang et al., 2015a; Ghorbanpour et al., 2017; Phan et al., 2017; Ledn-
Cézares et al., 2020a; Sun et al., 2020; Agaram et al., 2021; Fernandez-Zelaia et al., 2022).
Further, macroplasticity models have also been proposed to predict the thermo-mechanical
deformation of Ni-based superalloys (Chaboche et al., 2013; Lindstrom et al., 2022).

In addition to the mechanical properties, the microstructure of Ni-based superalloys evolves
during creep deformation at elevated temperatures, as well. The morphology of the 4 pre-
cipitate changes from cuboidal geometry to elongated rafts during directional coarsening,
and the « channels widen along the direction of loading. Different models have been pro-
posed to model the evolution of channel width due to rafting (Epishin et al., 2009; Fedelich
et al., 2009; Tinga et al., 2009a; Le Graverend et al., 2014; Fan et al., 2015; Desmorat et al.,
2017; Wu et al., 2019¢; Guo et al., 2021). Epishin et al. (2009) have modeled the chan-

nel width evolution during rafting using a modified Arrhenius equation that accounts for
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temperature- and stress-dependence. Tinga et al. (2009a) extended this model to a mul-
tiaxial stress state within a crystal plasticity formulation to simulate tensile and cyclic
tests. Fedelich et al. (2009) proposed a dimensionless parameter to capture the isotropic
and direction coarsening of channel width. Fan et al. (2015) further extended this model
to predict the rafting characteristics under various loading conditions like double shear
creep and rafting without external stress. Although their model is orientation-dependent,
the applicability of the model to capture channel width and creep response along different
orientations (e.g., [111] loading) was not demonstrated. Desmorat et al. (2017) proposed
a model considering the effect of isotropic and directional coarsening on viscoplastic be-
havior at higher temperatures, which includes a tensorial description of channel width
evolution. It should also be noted that several recent studies have focused on phase field
modeling of microstructure evolution during creep deformation (Gaubert et al., 2015; Wu
et al., 2017; Ali et al., 2020a; Zhang et al., 2020; Le Bouar et al., 2022). These spatially
resolved simulations provide detailed information regarding the microstructural evolution;

however, they are computationally expensive.

As can be seen, significant research has been directed at constitutive modeling of defor-
mation in these alloys. However, there are only a few frameworks proposed for unified
modeling of the effects of temperature- and strain rate-dependence, and directional hard-
ening to predict creep, cyclic and creep-fatigue interactions in superalloy single crystals
over a range of deformation histories (cf. (Staroselsky and Cassenti, 2011; Vattré and
Fedelich, 2011; Rodas and Neu, 2018)). Further, microstructure evolution during creep
has also not been addressed explicitly in some of these works. The present work aims to ad-
dress these gaps in the literature by developing a physically-based constitutive framework

for unified modeling of the above-mentioned phenomena.

We propose a microstructure-sensitive crystal plasticity constitutive model to simulate
thermo-mechanical deformation in single crystal Ni-based superalloys. Description of the
proposed crystal plasticity framework and constitutive equations for microstructure evolu-
tion during creep are first given in Section 4.2. Details of the constitutive model parameters
fit to the available experimental data for tensile, cyclic, and creep response for two different
superalloys, CMSX-4 and PWA-1484, are then given in Section 4.3. Finally, the model is
validated by comparison of the predicted response with the available experimental data

for the creep-fatigue loading for these alloys.
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4.2 Crystal Plasticity Framework

The constitutive modeling framework is based on the prior work of Ranjan et al. (2021),
where a crystal plasticity model was proposed to model the homogenized response of the
microstructure comprising the v matrix and fyl precipitate. Ranjan et al. (2021) modeled
the effect of non-Schmid stresses on the orientation- and temperature-dependent yield
stress for single crystal Ni-based superalloys. In the present work, we extend this frame-
work by proposing constitutive models for backstress evolution, climb-enhanced glide, and
microstructure evolution during elevated temperature deformation to predict the creep,

cyclic, and creep-fatigue interactions.

4.2.1 Finite Deformation Kinematics

This framework is based on the multiplicative decomposition of the deformation gradient,
F, into the elastic deformation gradient, F'¢, and the inelastic deformation gradient, F*
(Asaro and Rice, 1977):

F=F¢. F* (4.1)

Here, F'¢ accounts for the lattice distortion and the rigid body rotation that carries the in-
termediate isoclinic configuration to the current, deformed configuration and F* accounts
for the effects of inelastic deformation on a undeformed lattice, mapping the reference con-

figuration to an intermediate configuration in which the lattice has the same orientation.

The second Piola-Kirchoff stress in the intermediate configuration is given by § = Ceyy :
E€, where, Ccyy is the fourth rank elasticity tensor and E€ is the elastic Green strain
tensor. The effective elasticity tensor for the homogenized material is given by (Ranjan
et al., 2021):

- (- 1) o sep) 42

where, Ci#M and C;j M represent the anisotropic fourth order elasticity tensors of the matrix
phase, 7, and the precipitate phase, v, respectively. The second Piola-Kirchoff stress is
related to the Cauchy stress, o, in current configuration by S = det (F¢) F¢~!.o - F°¢~T.

The inelastic deformation gradient is given by F' = L* . F* where L is the inelastic

velocity gradient. L? is modeled as the tensor sum of crystallographic shearing rates and
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climb rates across all possible deformation systems and is given by:

N Np
L= (1= £0) D Aa88m ® M + Ly D 456, © M,
a=1 =1

Nm Np
(1= £y ) D386 @ s + £ D 380, @ 0,
a=1 6:1

Here, 47 and 47 are the crystallographic strain rates due to glide and climb on defor-
mation system o, respectively, and N, and NN, denote the total number of deformation
systems for matrix and precipitate phase, respectively. Further, the slip system direction
and plane normal in the reference configuration are given by si and mg, respectively.
The subscripts, m and p, denote the corresponding quantities for the matrix and the
precipitate phase, respectively. The dominant deformation mechanism (dislocation glide
or climb) generally depends on the loading conditions and the deformation temperature.
Constitutive equations for dislocation glide and climb contributing to the total velocity
gradient have been discussed later. Further, the relative contribution of these mechanisms

has also been predicted for different loading conditions later in the manuscript.

The model considers deformation on the octahedral {111} < 110 > deformation systems
for the matrix phase. Further, to account for non-Schmid effects, the model explicitly
accounts for forward and backward slip on the octahedral {111} < 110 > slip systems in
the precipitate phase. In addition, the cube {100} < 011 > slip systems are also considered
for the precipitate phase, which are expected to get activated at elevated temperatures
(cf. (Allan, 1995; Keshavarz and Ghosh, 2015a; Ranjan et al., 2021)). The slip systems
for octahedral and cube slip are adopted from Qin and Bassani (1992) and listed in Table
4.1 and 4.2.

Further, dislocation climb perpendicular to the slip plane is modeled based on the climb
kinematics proposed by Geers et al. (2014), where the climb projection tensor was intro-
duced to model the additional strain rate due to dislocation climb in a small deformation
plasticity framework for coupled glide and climb. Here, we have extended the same to a
finite deformation framework. Note that other forms of constitutive equations for model-
ing combined glide and climb have also been proposed by (Lebensohn et al., 2010; Patra
and McDowell, 2012; Phan et al., 2017; Wen et al., 2017, 2020).

In the following sections, we refer to the deformation systems « in the phase j using the

following notation: « € oct, cube and j € m,p. Here, ’oct’ represents the octahedral slip
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TABLE 4.1: Octahedral and cube slip systems in 4 phase (Qin and Bassani 1992)

a  Type  (m)s] (me)[ss] (ma)lse]  (my)sy]
1 Octahedral (111)[011] (111)[211] (111)[211] (100)[011]
92 Octahedral (111)[101] (111)[121] (111)[I21] (010)[101]
3 Octahedral (111)[110] (111)[112] (111)[112] (001)[110]
4 Octahedral (1I1)[011] (1I1)[211] (111)[211] (100)[011]
5 Octahedral (1I1)[101] (111)[121] (111)[112] (010)[101]
6 Octahedral (111)[110] (111)[112] (11T)[112] (001)[110]
7 Octahedral (111)[011] (11T)[211] (I11)[211] (100)[011]
8 Octahedral (111)[101] (T1T)[121] (111)[121] (010)[101]
9 Octahedral (111)[110] (111)[I12] (111)[112] (001)[110]
10 Octahedral (111)[011] (IID[211] (11D)[211] (100)[011]
11 Octahedral (I111)[101] (I11)[121] (111)[112] (010)[101]
12 Octahedral (111)[110] (111)[112] (111)[112] (001)[110]
13 Octahedral (111)[011] (111)[211] (111)[211] (100)[011]
14 Octahedral (111)[101] (111)[121] (I11)[121] (010)[101]
15 Octahedral (111)[110] (111)[112] (111)[112] (001)[110]
16 Octahedral (111)[011] (111)[211] (111)[211] (100)[01]]
17 Octahedral (111)[101] (111)[121] (I11)[I12] (0T0)[101]
18 Octahedral (1T1)[I10] (1I1)[112] (111)[112] (00T)[I10]
19 Octahedral (111)[011] (11D)[211] (IID[211] (100)[011]
20 Octahedral (111)[101] (111)[121] (111)[121] (010)[i01]
21 Octahedral (117)[110] (T1T)[112] (1T1)[112] (001)[110]
92 Octahedral (111)[011] (II1)[211] (111)[211] (100)[011]
23 Octahedral (111)[101] (1T1)[121] (111)[112] (010)[T01]
24 Octahedral (I11)[110] (I11)[112] (111)[112] (001)[110]
25  Cube  (100)[011] - - -
26 Cube  (100)[011] -

27 Cube  (010)[101] - - -
28 Cube  (010)[101] - - -
29 Cube  (001)[110] - - -
30  Cube  (001)[110] - - -

systems, while ’cube’ represents the cube slip systems. Further, 'm’ represents the matrix

phase, while 'p’ represents the precipitate phase.

4.2.2 Kinetics of Deformation

4.2.2.1 Dislocation Glide

Thermally-activated dislocation glide can be modeled using an Arrhenius-type activation

energy-based model for crystalline materials (Kocks et al., 1975). A similar flow rule is
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TABLE 4.2: Octahedral slip systems in v phase

o Type (m*)[s%]
1 Octahedral (111)[011]
2 Octahedral (111)[101]
3 Octahedral (111)[110]
4 Octahedral (111)[011]
5 Octahedral (111)[101]
6  Octahedral (111)[110]
7 Octahedral (111)[011]
8 Octahedral (111)[101]
9  Octahedral (111)[110]
10 Octahedral (111)[011]
11 Octahedral (111)[101]
12 Octahedral (111)[110]

used in this framework for modeling the crystallographic shearing rate due to glide (Ranjan

et al., 2021), with additional consideration for the slip system-level backstress:
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0; otherwise

(4.4)
where, a € oct, j € m denotes octahedral slip in the matrix phase, a € oct,j € p denotes
octahedral slip in the precipitate phase, and « € cube,j € p denotes cube slip in the
precipitate phase. Further, 4g; is the pre-exponential factor, AFgaj is the activation energy
for dislocation glide in the absence of external stress, k is the Boltzmann constant, T is the

absolute temperature, 7;* is the driving stress for dislocation glide, x7 is the slip system-

aj is the athermal slip resistance, sy is the thermal slip resistance to

aj
dislocation glide, and p§ and ¢ are parameters used to model the shape of the activation

level backstress, s

enthalpy function.

Tﬁ—xﬂ > Sgj, @ € oct,j € m

T — Xﬂ > Sgj. @ € cube, j € p
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Based on the non-Schmid model proposed by Ranjan et al. (2021), the driving stress for
dislocation glide, 77", is a function of the resolved shear stress (Schmid and non-Schmid

stresses depending on the type of slip system), i.e.,

s*-o-m*acoct,j Em

(07

« e o « «
s¥-o-m —|—(alspe-a-mpe+agsse~a-ms€

Ei .
+a3sy, - o - m) exp —£ sa €oct,j Ep

s¥-o-m% a€cube,j €p

where, (8%, m®) are unit vectors along the slip and slip plane normal on the primary slip

(e

plane, «, (sg‘e,mg‘e), (s, mg,) and (s5, mS) are the unit vectors along slip and slip

plane normal associated with the primary edge, secondary edge and cube planes, e; is
the effective inelastic strain in the precipitate phase and €’ is a material constant.The
choice of the primary and secondary edge slip planes are motivated by crystallographic
considerations of the formation of APB and the cross-slip planes onto which the super-
dislocation core may spread (Paidar et al., 1984). The reader is referred to a comprehensive
discussion of the underlying mechanisms by Ranjan et al. (2021). Beyond yield, dislocation
glide is expected to be driven only by resolved shear stress on the primary slip plane.
This is modeled using the exponential decay of non-Schmid stresses subsequent to yield
(Ranjan et al., 2021). Further, also note that the non-Schmid stress components are present
only for the octahedral slip systems in the precipitate phase. This is motivated by prior
experimental and modeling studies, which point to the absence of the same for cube slip in
the precipitate phase and octahedral slip in the matrix phase (Allan, 1995; Keshavarz and
Ghosh, 2015a; Ranjan et al., 2021). Tension-compression asymmetry observed during yield
is generally an effect of non-Schmid slip (Qin and Bassani, 1992; Patra et al., 2014). The
experimental data for 4" (NigAl) (Heredia and Pope, 1991a) and CMSX-4 (Allan, 1995)
indicate that while there is clear evidence of tension-compression asymmetry for loading
orientations in which the octahedral slip systems may be active ([001], for example), such
effects are not present at higher temperatures for the [111] and [011] loading orientations,
where cube slip may get activated. Hence, we have not considered non-Schmid behavior

of the cube slip systems.
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4.2.2.2 Dislocation Climb

In the absence of sufficient driving force due to external stresses, dislocations may not
be able to overcome the barriers to glide, and such barriers may be overcome by climb.
This deformation mechanism may be expected to be dominant at elevated temperatures
and low stresses. The consideration for climb is motivated by experimental microstruc-
ture observations (Pollock and Argon, 1994; Li et al., 2022b), which indicate the same
during high temperature deformation of single crystal Ni-based superalloys. For example,
dislocation glide in the v phase may get impeded at the 'y/'yl interface, when stresses
are not sufficient to penetrate or cut through the ’y/ precipitates. In order to accommo-
date the imposed deformation, these dislocations may climb along the /7' interface by a
thermally-activated process (see schematic in Figure 4.1(a)). Dislocation climb may also
occur in the matrix and precipitate phases when encountered with other obstacles, such

as dislocation networks, etc.

The crystallographic strain rate due to dislocation climb is modeled using a phenomeno-
logical power law model. Such models are generally of the form: 4. = pbv and v x o™,
where the symbols have their usual meaning (Mesarovic, 2017). Accordingly, we model

the corresponding crystallographic strain rate as:

o <o AFG\ o (Lol o :
Yo = YocjeTp (— T ) P (‘(Tj D sgn (aj) ;a0 € oct,cube, j € m,p (4.6)
where 43, is a material constant, F¢; is the activation energy for diffusion-mediated pro-
cesses contributing to dislocation climb. pf,; is the density of mobile dislocations, o7} is
the resolved normal stress (perpendicular to the slip plane), and nj is the climb exponent.
Since climb is generally a diffusion-mediated process, we have assumed that there is no

stress threshold for thermally-activated dislocation climb.

The driving stress for dislocation climb, of', is given by:

o} =s8%-0-s%a¢€oct,cube,j € mp (4.7)
This stress is the resolved normal stress perpendicular to the slip plane (Geers et al.,
2014) and is motivated by crystallographic considerations for the Peach-Koehler force for

dislocation climb (Peach and Koehler, 1950).
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FIGURE 4.1: (a) Schematic of climb-enhanced glide, and (b) 3-D Unit Cell Model (UCM)
for v/ phases.

4.2.3 Slip Resistance and Substructure Evolution

The resistance to dislocation glide due to the long-range stress fields is modeled using the

«

&, and has dominant contributions from existing dislocations

athermal slip resistance, s
(Taylor hardening) and Orowan hardening due to bowing of dislocations around the pre-
cipitates (only in the matrix phase). Their contribution depends on the type of slip system

and phase (Ranjan et al., 2021), and is given as:

Tip + koro% + kpiGibjy/ (Zé\/:ml Aafp§>;a €oct,j €m

s0. = (4.8)

7 + kpiGb; (Zé\f:’"l Aaﬁpﬁ);a € oct,cube, j € p

Here, 73 is the threshold resistance, G; is the shear modulus, b; is the Burgers vector
magnitude, k,; is the dislocation barrier strength, A€ is the matrix of slip system dislo-
cation interaction coefficients and p¢ is the dislocation density in the slip system &. koyo is
a material constant associated with Orowan hardening, and w is the effective width of the
matrix channel, with consideration for rafting during creep deformation. The constitutive

equation for modeling the evolution of w due to rafting is discussed later.

Dislocations overcome the short-range stress due to lattice thermal vibrations, which is

given by the thermal slip resistance, sy},

sf‘j = 7-(?3-; « € oct,cube, j € m,p (4.9)
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Here, 73; is a material constant. Note that this term may have contributions from the
intrinsic slip resistance and the solute solution strengthening in these superalloys. As a

first-order approximation, this term is assumed to be invariant with deformation.

Constitutive equations governing the evolution of mobile and immobile dislocations have
been adapted from (Patra and McDowell, 2012; Ranjan et al., 2021) and are given in
Equations (4.10) and (4.11), respectively.

o Fmj oo 2R | ! t,cube, j (4.10)
Pty = bj/\? p b; PM] 15| — b; )\a ’ng b la ’ch ; € oct,cube, 7 € m,p .
ta'
pY; = b]T]a ‘f’yg‘j‘ — kg;irl; ’f‘yg]‘ b la Jej| s o € oct,cube, j € m,p (4.11)
J

The first term in the mobile dislocation evolution rate (Equation (4.10)) accounts for
the multiplication of mobile dislocations at pre-existing dislocation segments (Essmann
and Mughrabi 1979), where k7, denotes the dislocation multiplication constant. The
annihilation of dislocation dipoles within a capture radius, R, is modeled using the second
term. Trapping of mobile dislocation segments at other dislocations is modeled using
the third term, where kf* is the dislocation trapping constant. The effective free path
of dislocation trapping A7 is given by Equation (4.12). The migration rate of mobile
dislocations (due to climb) is modeled using the last term, where lg; = A“ is the average
distance swept by glide dislocations on the slip plane (Patra and McDowell, 2012). The
effective mean free path of dislocations, A%, is generally given as the harmonic mean of
the individual obstacle mean free paths (Krausz and Krausz, 1996; Austin and McDowell,

2011) and is given by:

\/pﬁ—i-%;aeoct,jem
— = (4.12)

\/Pj: o € oct,cube, j € p

While the mean free path for the precipitates is primarily a function of the dislocation
density, the channel width may also play a role in limiting the dislocation mean free path for
the matrix phase. The trapping of mobile dislocations increases the immobile dislocation
density as given in the first term of Equation (4.11). The annihilation of dislocations by
dynamic recovery is represented by the second term in Equation (4.11), where k:% is the
dynamic recovery constant. Migration of mobile dislocation density increases the immobile

dislocation density as given in the third term in Equation (4.11).
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4.2.4 Backstress

Backstress in single crystal Ni-based superalloys under cyclic loading originates from the
accumulation and rearrangement of dislocations, particularly around the ’yl precipitates,
which act as strong obstacles to dislocation motion. This internal stress field opposes the
applied load during reversal. The model for backstress evolution is adapted from Shenoy

et al. (2008), and is given as a function of the dislocation density, i.e.,

Xj = (k;‘lGjbj, /P sgn (T]O‘ — X?) — k;‘égxg‘) "yf ;a0 € oct,cube, j € m,p (4.13)
Here, k¥ and k¥, are material constants. The first term in this model represents the
directional hardening due to the accumulation of dislocations. The second term is a
recovery term similar to the Armstrong-Frederick model. Here, both octahedral and cube
slip systems are included, although backstress is primarily expected to play a role in

affecting slip for the octahedral slip systems (Shenoy et al., 2008).

4.2.5 Microstructure Evolution During Creep Deformation

The microstructure evolution during high-temperature creep deformation is assumed to be
governed by two primary mechanisms: isotropic coarsening (homothetic growth of single
' precipitates) (Epishin et al., 2009; Fedelich et al., 2009; Le Graverend et al., 2014) and
directional coarsening (rafting) (Henderson et al., 1998; Matan et al., 1999b). Isotropic
coarsening does not change the internal stress state in the structure, it is just a change of
scale (Fedelich et al., 2009). On the other hand, directional coarsening (rafting) relaxes
the internal stresses significantly (Fedelich et al., 2009). Based on prior modeling works
(Fedelich et al., 2009; Tinga et al., 2009a; Fan et al., 2015; Guo et al., 2021), two geometric
parameters, matrix channel width, w;, and precipitate size, d;, are required to describe
the current state of 'yl morphology along the i** direction. These two parameters are
schematically described in terms of the geometric model as shown in Figure 4.1(b). The

relationship between these parameters is as follows (Fedelich et al., 2009; Guo et al., 2021):
(=wi+dy =ws+dy = w3z + ds (4.14)

where ( is the microstructure periodicity and directions 1, 2, and 3 correspond to the [001],

[010], and [001] directions of the reference crystal.
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The matrix channel width is assumed to evolve according to two mechanisms: isotropic
coarsening and rafting (Fan et al., 2015). As a first-order approximation, dissolution of
the ~ phase (evolution of volume fraction of y phase) is not considered as the volume
fraction of the precipitates has been found to be invariant up to =~ 980 °C (Serin et al.,
2004). Accordingly, the volume fraction of the " phase, fv” is assumed to be constant

during isothermal creep deformation.

4.2.5.1 Isotropic Coarsening

The driving force for isotropic coarsening is due to the reduction of overall interfacial energy
(Baldan, 2002). It is generally assumed that this phenomenon is independent of the stress
state and only a function of time and temperature (Tinga et al., 2009a; Fedelich et al.,
2012). Isotropic coarsening occurs due to Ostwald ripening during the rafting process.
During isotropic coarsening, the smaller precipitates disappear along with an increase in
the size of the larger precipitates, due to which the microstructure coarsens at a global scale
and increases the microstructure periodicity (Tinga et al., 2009a). Following prior works
(Tinga et al., 2009a; Le Graverend et al., 2014; Fan et al., 2015), we model isotropic coars-
ening using the Lifschitz-Slyosov-Walter (LSW) theory (Glicksman and Fradkov, 1995).
According to LSW theory, the microstructure periodicity, ¢ (t), increases with time, ¢,

according to the following:

C(t)° - ¢ = Kt (4.15)

where, (9 = wg + dp is the initial microstructure periodicity, and K is a temperature-
dependent material constant. wyg is the initial channel width and dj is the initial precipitate

size. The rate of evolution of the microstructure periodicity is given by:

-2

¢= g CERON (4.16)

Moreover, it is assumed that the precipitate size and channel width increase proportionally
from their initial value as: .

Wiso  Wo
E G
where ;5 is the rate of evolution of channel width due to isotropic coarsening and wy is

the initial channel width.

(4.17)



Chapter 4. Single Crystal Ni-based Superalloys 73

4.2.5.2 Directional Coarsening (Rafting)

Rafting is the morphological change of the 4 precipitate from cuboidal geometry to elon-
gated rafts at elevated temperatures. During rafting, the v channels widen in the direction
of applied stress for alloys with negative lattice misfit subjected to tension (Lukas et al.,
1996) and give way to dislocation accumulation and motion due to the Orowan mecha-
nism. It must be noted that rafting may occur parallel or perpendicular to the loading
axis, depending on the lattice misfit and the direction of applied stress. For negative misfit
0 and positive stresses o, (o x § < 0), rafts would form perpendicular to the loading axis
(N-type rafts), whereas for (o x § > 0) rafts would form parallel to the loading axis, i.e.,
channels widen perpendicular to the direction of applied stress (P-type rafts) (Mughrabi,
2014). However, our proposed model is valid only for alloys with negative lattice misfit

subjected to tension.

We propose to model the rafting kinetics using a modified form of the Johnson-Mehl-
Avrami-Kolmogorov (JMAK) equation (Porter and Easterling, 2009). The JMAK equation
has been extensively used to model the kinetics of isothermal phase transformations in
various metallurgical applications (Ohring, 1998; Jiang et al., 2014; Yang et al., 2020).
The original JMAK model has been modified here to account for temperature- and stress-

dependence to model the microstructure evolution during rafting.

If rafting is considered as an evolution of +' precipitate morphology from the cuboidal
structure to the rafted structure at a constant temperature, then the rate of increase of

channel width in the direction of applied stress (rafting direction) is given by:

AF, — aAV) (4.18)

()1 = A (g = wa) eap (=
where, Ag is the Avrami constant, AF, is the associated activation energy, & is the von
Mises effective stress, and AV is the activation volume. Note that while this constitutive
model is similar in form to those proposed by (Fedelich et al., 2009; Tinga et al., 2009a; Fan
et al., 2015), our form of constitutive model allows a more direct physical interpretation
in terms of the activation energy for rafting and its reduction due to the current stress
state. Infinite " plates like rafts will form perpendicular to the direction of loading for a
fully rafted microstructure (Fedelich et al., 2009). As a result, the channel width evolves
from wp (initial channel width) to w¢ (channel width for a fully rafted microstructure)

(Fedelich et al., 2009). The instantaneous volume fraction of the precipitate is given as

(Serin et al., 2004),
- (-2)(-2)0-2)
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where w; and wo are the channel widths along directions transverse to the loading direction.
For loading in the [001] direction, w; = wq. For a fully rafted microstructure, w; = wy =
0,w3 = wy. Thus,
wf
fo=1—— 4.20
Y R (4.20)

wp = (1 - fvf) o (4.21)

Here, wy remains constant as fv’ and (g is constant. However, due to precipitate dissolu-
tion, the volume fraction of 7/ precipitates may decrease with an increase in temperature
after a critical temperature. Accordingly, the initial microstructure periodicity parameter,
(o, may vary for other alloys. The total increase of channel width in the direction of raft-
ing at any given time is the summation of an increase in channel width due to isotropic
coarsening (Equation 4.17) and the increase of channel width due to rafting (Equation
4.18) (Fan et al., 2015), i.e.,

71}3 - (w3)raft + (w)iso (422)

w1 = Wy = C (1 — f’y/wg) (4.23)

From (Equation 4.19),

¢

Note that the above description of channel width evolution holds only for a crystal loaded
along the [0 0 1] direction. However, the orientation dependence of rafting needs to be
considered for creep loading along different orientations. In order to accomplish this, we

adopt the tensorial description of channel width proposed by Desmorat et al. (2017), i.e.,

w=QT w-Q (4.24)

Here, w’ is the second rank tensor of channel width in the rotated configuration, @ is the
rotation tensor and w is a second order tensor of channel width with diagonal elements as
w1, wg and ws, and the non-diagonal elements are zero. Depending on the applied rotation,
the rotated channel width tensor, w’, may of course have non-diagonal components. We
adopt the same formulation in our work, with @ directly obtained from the rotation
tensor corresponding to the Euler angles in the Bunge notation. Note that this is the

same rotation tensor that we use for the rotation of the elastic stiffness tensor as well.

Finally, the effective channel width, @, is calculated as the L? norm of the channel width
tensor (Desmorat et al., 2017), i.e.,
@ = |l (4.25)
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As mentioned earlier, the effect of rafting on creep deformation is incorporated in the

crystal plasticity model by Orowan strengthening in the matrix phase (Equation 4.8).

These equations comprise the full set of equations for modeling the thermo-mechanical
deformation of Ni-based superalloys. A fully implicit Newton-Raphson scheme is imple-
mented for the time integration of the constitutive model. The constitutive model has
been implemented as a material model and interfaced with the open-source finite element
library, MOOSE (Permann et al., 2020).

4.2.6 Model Parameters

Complex physical mechanisms are involved in the deformation of Ni-based superalloys, and
their representation in the constitutive equations makes the calibration of the numerous

model parameters non-trivial.

In the present work, we have demonstrated the application of the model to predict thermo-
mechanical deformation in two different single crystal superalloys, CMSX-4 and PWA-
1484. These materials are similar in composition, with small differences in the alloy
element content between them (Rodas and Neu, 2018). First, we calibrated the model
parameters for CMSX-4 by fitting them to the available experimental data for tension
tests and cyclic tests for different temperatures, orientations, and strain rate conditions.
Subsequently, we estimated the parameters pertaining to creep deformation for different
temperatures, orientations, and stress conditions. A similar procedure was followed for
estimating the model parameters for PWA-1484. The chemical composition of CMSX-4
and PWA-1484 is given in Table 4.3.

TABLE 4.3: Chemical composition of CMSX-4 (in wt. %) (Reed, 2008).
Alloy Ctr Co Mo W Al Ti Ta Re Hf Ni
CMSX-4 65 96 06 64 56 1.0 65 3.0 0.1 Bal
PWA1484 5.0 100 20 6.0 5.6 - 9.0 3.0 0.1 Bal

The temperature-dependent elastic constants for v and 'y/ phases are given in Table 4.4.

Some of the parameters related to slip resistance and substructure evolution (koy, kzgj,
Ao A% 50 o, ks Rey iz, kzgj) were adopted directly from Ranjan et al. (2021). Here,

koro (material constant associated with Orowan hardening) varies between 0.238 and 2.15
(Tinga et al., 2008; Ranjan et al., 2021). Accordingly, ko, = 0.25 is assumed in our model.

The initial dislocation densities (p%,, pY) are assumed to be very low (1 x 10*m~2) for
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TABLE 4.4: Temperature-dependent elastic constants for the v and 7/ phases (Keshavarz

et al., 2016).
Parameter Value
C11 = (298.0 — 0.096T") GPa
Y C12 = (191.0 — 0.057T") GPa
Cyq = (139.0 — 0.035T7") GPa
C11 = (325.0 — 0.096T") GPa
o Ciz = (209.0 — 0.057T) GPa
Cis = (144.0 — 0.035T) GPa

an undeformed ' phase Ranjan et al. (2021). Further, the range of initial dislocation
density for v phase has been experimentally reported of order 10! — 1012m~=2 (Jacome
et al., 2013; Pollock and Argon, 1992). Accordingly, somewhat higher initial dislocation
density (1 x 10''m~2) has been assumed for « phase Ranjan et al. (2021). The dislocation
hardening parameters (kg‘j, A*@ A%C) are chosen to have physically representative values
(Ranjan et al., 2021). The material constants (ky,;, R, kf}, kg;) are calibrated by fitting
the model to the experimental hardening response. Values of these constants are in the
same range as earlier studies (Patra and McDowell, 2012; Patra et al., 2014; Ranjan et al.,
2021). The magnitude of the Burgers vector was taken from Keshavarz and Ghosh (2015a).
The temperature-dependent material parameter, 735, in Equation (4.9) was obtained by
fitting to the tension test data. Here, we initially started with the values given by Ranjan
et al. (2021) and then adjusted according to the fit to the experimental tensile test data.
While the material considered in this prior study was the same, differences in processing
history might have contributed to a different initial threshold slip resistance. A single
set of the flow parameters was chosen for deformation at all the different temperatures

and strain rates. Model parameters related to kinematic hardening, k¥, and k¥,, were

X2
obtained by fitting the model to the available cyclic test data. A parametric study for k%)
and kS, was performed by maintaining the ratio k% /k3, = 1.055. This is in the range of
literature values (0.47 to 2) for similar kinematic hardening models (Shenoy et al., 2008;
Agaram et al., 2021). Essentially, a ratio close to unity for these two kinematic hardening

parameters implies lower kinematic hardening and vice versa.

Based on the best fit, the activation energy for dislocation climb, FZ, was set to 8.46 x
10719 for octahedral slip and 1.28 x 107!8.J for cube slip. n% = 5 was used for the
creep exponent of the matrix phase, and n; = 10 was used for the creep exponent of the
precipitate phase. This is in the range of creep exponents calculated from experimental
data for similar superalloys (Sharma et al., 2008; Huang et al., 2016). . was obtained

based on the best fit to the experimental data. Note that all model parameters related
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to creep were assumed to be temperature-invariant. All the temperature-invariant model
parameters for inelastic deformation are listed in Tables 4.5, 4.6, and the temperature-

dependent model parameters are listed in Table 4.7.

Further, the initial microstructure parameters, fv" dﬂ/ and wyp, were adopted from Tinga
et al. (2009b). Directional coarsening parameters (AF, and AV) were set to 6.64 x
107207 and 6.64 x 1072m3, respectively. This is in the range given by Tinga et al.
(2009a). The isotropic coarsening parameter K and directional coarsening parameter, Ay,
were determined by performing a parametric study and comparing with the experimental
channel width data (not presented here). The initial microstructure, isotropic coarsening,

and directional coarsening parameters are listed in Table 4.8.

TABLE 4.5: Temperature-invariant flow rule related model parameters for the v and 7/

phases.
Parameters Material o € oct, « € cube, « € oct,
iep (v) iep (v) jE€m(v)
Glide flow rule: CMSX-4 1.5 x 1072, 1 x 1073, 1 x 1075,
Yo; (s71), 1.4Gb3, 0.3, 1.45 0.5Gb3, 05,1  0.25Gb3, 0.9, 1
AFS, p$, ¢ PWA-1484 1.5 x 1072, 1x 1073, 1x 1075,
1.4Gv%, 0.3, 1.45  0.5Gb3, 0.5, 1  0.25Gb?, 0.9, 1
Climb flow rule: CMSX-4 8.46 x 10719, 128 x 10718, 8.46 x 10719,
AFg (J), 3.84 x 107,10 5.72 x 1072, 10 4.5, 5
Y6ej (M Pa x s/mm)~", PWA-1484  6.42 x 10719, 1.38 x 10718, 6.42 x 10719,
ne 3.84 x 1071, 10 93.9, 10 2.4 x107°,5

J

After obtaining a reasonable fit with the experimental data for CMSX-4 for various loading
conditions, we performed calibration of the model to the available experimental data for
PWA-1484. Most of the model parameters for PWA-1484 were assumed to be the same
as CMSX-4. This is reasonable, given that the chemical composition of both the alloys is
comparable (Rodas and Neu, 2018). Note that the hardening and the dislocation evolution
parameters are assumed to be the same for both alloys as given in a Table 4.6. However,
the parameters, 7¢; and §o; had to be modified based on a fit to the experimental tension
test data for PWA-1484. Further, F: and 4. were also calibrated by fitting them to the
experimental creep test data for PWA-1484.
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TABLE 4.6: Temperature-invariant hardening and backstress related model parameters
for the v and v phases. The same parameters are used for both CMSX-4 and PWA-1484.

Parameters a € oct, « € cube, a € oct,
iep (v) iep (7) jEm(y)
Orowan hardening;: - - 0.25
koro
Dislocation hardening: 0.31, 1,1 x 107*  0.31, 1,1 x 1074 0.31,1,1x 1074
a  foo pof
P’ ’
Initial dislocation 1x 101, 1x 10 1x10', 1x 100 1 x 10, 1 x 101
densities: p§; (m™2)
Py (m™?)

Dislocation evolution: 0.07, 6b, 0.065, 0.07, 6b, 0.065, 7.096 x 1073, 6b, 1.35 x 1072,
o Re, ks, kg, 600 1 x 106 3000
Threshold slip 71.5 31.5 1.5
resistance: 73,

Burgers vector 0.249 0.249 0.249
magnitude: b(nm)
Backstress: 9500, 9000 9500, 9000 9500, 9000
Koy, kS

TABLE 4.7: Temperature-dependent model parameters for the v and 7/ phases.

Parameter T(K) a € oct a € cube a € oct
iep(v) iep(v) jEm(y)
CMSX-4 PWA-1484 CMSX-4 PWA-1484 CMSX-4 PWA-1484
05 (MPa) 1123-1143 674.25 674.25 411.6 411.6 265.71 275.7076
05 (MPa) 1223-1273 554.18 554.18 286.10 186.10 228.45 153.4454

TABLE 4.8: Microstructural parameters for CMSX-4 and PWA-1484. Note that in the
absence of relevant experimental data for PWA-1484, the same microstructural parameters
have been assumed, as for CMSX-4.

Parameters Value
Volume fraction: 0.28, 0.72
f’Ya fy’
Precipitate size: 1,05 x 1073
dy (mm), d_s (mm)
Initial channel width: 0.06 x 1073
wo (mm)
Directional coarsening: 1 x 1077, 6.64 x 1072,
Ao, AF, (J), AV (m3) 6.64 x 1072
Isotropic coarsening;: 3 x 10716

K (mm3/s)




Chapter 4. Single Crystal Ni-based Superalloys 79

4.3 Results and discussion

We have used the constitutive model to predict the tensile, cyclic, and creep deformation
behavior of CMSX-4 and PWA-1484 for various loading conditions. All simulations were
performed with single-element calculations. Symmetric boundary conditions were applied
on the three adjacent faces of the cell, implying that the displacement normal to these
three faces was fixed to be zero, and the corner node common to these three faces was
fixed to prevent rigid body rotation. In the laboratory coordinate system, the crystal was
loaded along the z-direction for all the cases (cf. Figure 5(a) in (Ranjan et al., 2021)
for a schematic). While displacement-controlled loading was applied for the tensile and
cyclic tests at the prescribed strain rates, stress-controlled loading was applied for the
creep tests at the prescribed stress values. For displacement-controlled loading, a constant
nominal strain rate was maintained throughout the simulation. For creep tests performed
under stress-controlled loading, the stress was initially ramped up to the desired stress
level at a constant stress rate within the initial 10 s of the simulation and then held
constant for the remaining duration of the simulation. A hexahedral finite element, with
linear interpolation, was used for all simulations. Although all the simulations have been
performed using a single element, the same can easily be performed for a larger number
of finite elements and complex geometries. We have verified the same by performing two
additional simulations of tension and creep using 27 elements and comparing the predicted
response with the single element predictions. These results are shown in the Figure 4.15.
As can be seen, there is no significant difference between the predictions for the two cases.
Further, loading orientations used in the present work are shown in Figure 4.2 and Euler

angles (in Bunge notation) for this loading orientation are given in Table 4.9.

TABLE 4.9: Euler angles (in Bunge notation) for loading orientations used in the present
work.

Orientation no. Crystal orientation Euler angles (degrees)

1 [001] [0, 0, 0]

2 (011] [0, -45, 0]

3 [111] 45, -54.736, 0]

4 [123] [255.4, 36.7, 333.43]

We have gathered relevant experimental data for CMSX-4 and PWA-1484 from different
sources in the literature. These are in the temperature range of 1123-1273 K, which is
generally also the operating temperature of these alloys in aerospace applications (Allan,
1995; Ali et al., 2020a). The different sets of experimental conditions are listed in Table

4.10 along with the test temperatures. The experimental data sets for tension tests, cyclic
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FIGURE 4.2: Loading orientations used in the present work.

tests, and creep tests were used for calibration, while the relaxation data sets were used for
model validation. While it is possible that the different sources may have used materials
with different processing histories for their experiments, this is unavoidable since there
is no single data set that contains all the different conditions used for calibration and

prediction in our work.

TABLE 4.10: List of the experimental data used for model prediction and validation.

Alloy Test Experimental data T(K)
CMSX-4 Tension tests (Vattré and Fedelich, 2011) 1123, 1223
CMSX-4 Cyclic tests (Vattré and Fedelich, 2011) 1123, 1223
CMSX-4 Creep tests (Vattré and Fedelich, 2011) 1123
CMSX-4 Creep tests (MacLachlan et al., 2001) 1223
CMSX-4 Creep tests (MIURA et al., 2003) 1273

CMSX-4  Relaxation tests (Vattré and Fedelich, 2011) 1123, 1223
PWA-1484  Tension tests  (Staroselsky and Cassenti, 2010) 1255
PWA-1484 Cyclic tests (Staroselsky and Cassenti, 2011) 1143
PWA-1484 Creep tests (Staroselsky and Cassenti, 2011) 1143, 1255
PWA-1484 Creep tests (Staroselsky and Cassenti, 2010) 1200
PWA-1484 Relaxation tests (Staroselsky and Cassenti, 2011) 1255

4.3.1 Tensile loading

The constitutive model was fit to the experimental tension test data at different temper-
atures and strain rates. Figure 4.3 compares the true stress-strain curves for CMSX-4 at
different strain rates and 1123 K for (a) [001] and (b) [111] loading orientation and 1223 K
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for (c) [001] and (d) [111] loading orientation, respectively. Figure 4.4 compares the true
stress-strain curves for PWA-1484 at 1255 K for (a) [001] and (b) [111] loading orienta-
tion. A reasonable fit was obtained for loading at the different strain rates, temperatures,
and crystal orientations for both materials. The model can capture both the temperature
and strain rate sensitivity effects for CMSX-4. This is primarily due to the Kocks-type
thermally activated flow rule (cf. Equation 4.4), which can account for such effects via
the activation enthalpy, shape parameters, and the pre-exponential factor. In addition,
the temperature-dependent slip resistance (cf. Equation 4.9 and Table 4.7) is also used to
capture the experimentally observed temperature dependence of the yield stress. Limited
experimental data are available for PWA-1484, and hence such predictions are not possi-
ble. Deviations from exact single crystal orientations in the experiments (cf. Vattré and
Fedelich (2011)) could also be a source of discrepancy between the model predictions and
experimental data. Further, our model does not predict the initial softening subsequent
to yield, as experimentally observed for CMSX-4. This is especially evident for both the
[001] and [111] loading at higher strain rates. Microstructure degradation effects could be
contributing to this phenomenon. This is also linked to the formation of Kear-Wilsdorf
(KW) locks due to cross-slip (Paidar et al., 1984). Initially, the yield strength increases
as dislocations are hindered by these locks. However, once the dislocations begin to shear
through these barriers, the resistance to their motion decreases, leading to a reduction
in the flow stress required for further glide.  As discussed in Section 4.3.9, discrepan-
cies between the experiments and simulations can be addressed by adding the effect of
coherency stresses (lattice misfit), precipitate dissolution, and the effect of APB energy on
precipitate shearing. Ranjan et al. (2021) have shown that such effects can be captured
by accounting for the decay of non-Schmid stresses subsequent to the initiation of plastic
deformation (cf. Equation (4.5)). However, we have neglected such effects as a first-order
approximation in the present work, where the main focus is on predicting the cyclic and
creep response. The ability of the model to predict the orientation-dependent yield stress
of CMSX-4 over a wide range of temperatures (from room temperature to 1123 K) has

also been demonstrated in Ranjan et al. (2021).

The difference in the flow stress for the two different orientations under identical loading
conditions may be attributed to the elastic anisotropy and the activation of different slip
systems. Plastic deformation in the [001] orientation is governed by the octahedral {111} <
110 > slip systems, while for the [111] orientation, it is dominated by the cube {100} <
110 > slip systems. The tensile response of CMSX-4 for the [001] loading orientation
exhibits three stages of deformation. The elastic regime (stage 1) is followed by dislocation

glide in +y channel (stage 2) and finally 4 precipitate shearing (stage 3), which is nearly a
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horizontal stress-plateau (Vattré et al., 2010; Gupta and Bronkhorst, 2021). For loading
along the [111] orientation, the elastic regime (stage 1) is followed by a low hardening
phase (stage 3), where stress drops from the upper yield point, and stage 2 is missing for
loading along the [111] orientation (Vattré et al., 2010). In our simulations, the stress drop
is missing for both orientations, although it has been shown earlier that such effects can
be captured by the constitutive model (Ranjan et al., 2021). Note that the constitutive
model is still capturing the effects of precipitate evolution on the Orowan stress, although
its effect on the macroscopic stress is not significant. This is described in 4.3.5. Finally, it
is observed that there is a significant drop in the flow stress (150-200 MPa) from 1123 K
to 1223 K for a given orientation and strain rate. This could be correlated with the non-
Schmid deformation mechanisms, which are operative up to about 1123 K and contribute
to the strength plateau (cf. (Allan, 1995; Keshavarz and Ghosh, 2015a; Ranjan et al.,
2021). Presumably, the strength of the alloy drops significantly, as the contribution of

non-Schmid stresses (due to APB formation) is reduced beyond this temperature.
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FIGURE 4.3: Simulated true stress-strain curves for different strain rates at 1123 K for
(a) [001] and (b) [111] loading orientations, and at 1223 K for (c) [001] and (d) [111]
loading orientations as compared with the experimental data for CMSX-4 (Vattré and
Fedelich, 2011). The simulated data is plotted with solid lines, while the experimental
data is plotted with symbols.
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FIGURE 4.4: Simulated true stress-strain curves at 1255 K for (a) [001] and (b) [111]

orientations as compared with the experimental data for PWA-1484 (Staroselsky and

Cassenti, 2010). The simulated data is plotted with solid lines, while the experimental
data is plotted with symbols.

4.3.2 Cyclic loading

The constitutive model was fit to the experimental data for cyclic tests for CMSX-4 and
PWA-1484 with different strain amplitudes and at different temperatures. Figure 4.5 shows
a comparison of model predictions of the cyclic stress-strain curves with the corresponding
experimental data for CMSX-4 loaded along different orientations ([001], [011], [111]) at
different strain rates and temperatures. Figure 4.6 compares the simulated cyclic stress-
strain curves with the experimental data for PWA-1484 loaded along different orientations
([001], [111], [123]) at 1143 K. All the simulated stress-strain curves are plotted for twenty
cycles for CMSX-4. For PWA-1484, the number of cycles for the different tests is shown

in the corresponding figures.

Model predictions for CMSX-4 agree qualitatively with the experimental data. There is
some discrepancy in the predicted flow stress for the [111] cyclic loading cases at 1123
K (see Figure 4.5(c) and (d)), which may be due to the model’s inability to accurately
capture the strain rate sensitivity of the material for the [111] orientation. Given that the
model is able to predict the tensile response for this orientation with reasonable accuracy,
this discrepancy could be indicative of the temperature- and strain rate-dependence of
the backstress evolution, which has not been considered in the present work. Cube slip is
expected to dominate for these loading conditions. For the other loading conditions, the
model predicts a wider hysteresis loop as compared to the experiments, although the peak
stresses are predicted with reasonable accuracy. In all the cases, the simulated stress-strain

curves were found to converge after two or three cycles towards a stabilized hysteresis loop.
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A similar observation was noted in the experimental study of Vattré and Fedelich (2011)

as well.

The model predicts the cyclic response for PWA-1484 with higher accuracy (see Figure
4.6) as compared to CMSX-4. While details of the experimental conditions for PWA-1484
are not entirely known, deviation from ideal orientations of the test specimens for CMSX-4
(cf. (Vattré and Fedelich, 2011)) could have contributed to some of this discrepancy in
the predicted mechanical response. Further, repeatability of the experimental tests over
multiple specimens has not been discussed in the experimental references in Table 5 as well.
This could be an additional source of discrepancy.. The amount of plastic deformation
(width of the loop) is remarkably similar between the experiments and simulations. The
hysteresis loop is wider for the [111] orientation, as compared to similar loading conditions
along the [001] orientation. This could be due to higher elastic stiffness along the [111]
orientation, which leads to a more pronounced yielding (Staroselsky and Cassenti, 2010).
The hysteresis loop for loading along [123] orientation is significantly wider due to the
relatively lower yield stress, as compared to the [001] orientation. As a result, activation of
slip on multiple 111<110> slip systems leads to higher plastic deformation as compared to
[001] loading. The low-cycle fatigue life of specimens along the [123] orientation is expected
to be shorter than that of specimens oriented along the [001] direction. Note that while the
[001] and [111] orientations were used for model calibration, the [123] loading orientation
was used for validation of the cyclic response for PWA-1484 in Figure 4.6 (c). Given
that the model is able to predict the cyclic response for this loading orientation, it points
to the ability of the model to predict the orientation-dependent activation of different

deformation modes.

4.3.3 Creep loading

The constitutive model was fit to the experimental creep data for CMSX-4 and PWA-
1484. Figure 4.7 compares model predictions of the creep strain with the experimental
data for CMSX-4 loaded along different orientations ([001] and [111]) over a range of
stresses and temperatures. Figure 4.8 compares the same for PWA-1484 loaded along

different orientations for different temperatures and stresses.

It is observed that the model predictions are in general qualitative agreement with the ex-
periments. As discussed earlier, steady state secondary creep is generally absent/minimal
in both the experiments and simulations (cf. 4.1). Further, the tertiary creep behavior,

which may lead to eventual failure via rupture, is captured by our model. There is some
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FIGURE 4.5: Simulated true stress-strain curves for different strain rates at 1123 K for

(a) [001], (b) [011] and (c), (d) [111] orientations, and at 1223 K for (e) [001] and (f),

(g) [111] orientations as compared with the experimental data for CMSX-4 (Vattré and

Fedelich, 2011). The simulated data is plotted with solid lines, while the experimental
data is plotted with symbols.



Chapter 4. Single Crystal Ni-based Superalloys 86

(a) 1200 BT84 [001]:1143K (b) 1200 B 78a [1111:1143K
800 8soot
& 400} £ 400}
= S of
0N *N
o -400t #30 cycles] o -400f #10 cycles]
-800 1 -800 )
. 10-3 s-1 . 10-3 5-1
1200 . . . \ d 1200 . . . . {
-0.012-0.008-0.004 0 0.004 0.008 0.012 -0.012-0.008-0.004 0 0.004 0.008 0.012
€33 €33
(€) 1200 B A 484 - 11 2 3] 1143
800}
Q‘j 400}
= 0
™ | 4
& -400 #5 cycles
-800 1
<103 s
1200 . , . . :
-0.012-0.008-0.004 0 0.004 0.008 0.012

€33

FIGURE 4.6: Simulated true stress-strain curves at 1143 K for (a) [001], (b) [111] and (c)

[123] orientations as compared with the experimental data for PWA-1484 (Staroselsky and

Cassenti, 2011). The simulated data is plotted with solid lines, while the experimental
data is plotted with symbols.

discrepancy in predicted creep strains for the lower stresses (180 MPa and 250 MPa) at
1223 K for CMSX-4 (see Figure 4.7(c) and (d)). It should also be pointed out that vari-
ability in the creep response may be expected from experiments even for identical loading
conditions. Hence, our focus has been on predicting the overall creep trends with tempera-
ture and applied stress. As can be seen, the tertiary creep strains are generally comparable
with experiments for higher stress values. However, we note that other mechanisms, such
as damage, may also be prevalent during the later stages of creep. Presumably, our model
is not able to capture the tertiary creep rates accurately (as compared to the experiments)
due to the neglect of such mechanisms in the constitutive model. As can be seen, the
model under-predicts the tertiary creep rates for CMSX-4 for [0 0 1] loading and over-
predicts the tertiary creep rates for [1 1 1] loading (for some cases at 1223 K) at higher
temperatures. Similar trends are also observed for [0 0 1] loading for PWA-1484. While
the reasons for this are not entirely clear, this could be attributed to the above-mentioned

neglect of damage in our constitutive model.

It is natural to expect that mechanisms governing the evolution of creep strains over the

range of stresses, temperatures, and loading orientations may change from one test case
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to another. These are discussed in the context of the various deformation mode activities
in Section 4.3.6.
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FIGURE 4.7: Simulated creep strain versus time for different stresses at 1123 K for (a)

[001] and (b) [111] orientations, and at 1223 K for (c) [001] and (d) [111] orientations, and

at 1273 K for (e) [001] orientation as compared with the experimental data for CMSX-4

(Vattré and Fedelich, 2011). The simulated data is plotted with solid lines, while the
experimental data is plotted with symbols.

4.3.4 Channel width evolution

The channel width evolution of CMSX-4 is studied using the constitutive model described
in Section 4.2.5 along with values of the model parameters in Table 4.8. Figure 4.9 com-
pares the simulated channel width along the direction of loading with the available experi-

mental data at 1223 K (Fedelich et al., 2009) for different applied stresses and two different
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FIGURE 4.8: Simulated creep strain versus time for different stresses at (a) 1143 K, (b)
1200 K, and (d) for [001] orientation, and (c) 1200 K and (e) 1255 K for [111] orientation
as compared with the experimental data for PWA-1484 (Staroselsky and Cassenti, 2011).
The simulated data is plotted with solid lines, while the experimental data is plotted with
symbols.

loading orientations. It can be seen from Figure 4.9 (a) that the channel width increases
both with applied stress and loading time for loading along the [001] direction, as also
indicated by the limited experimental data. This has contributions from both isotropic
coarsening and rafting. However, the channel width does not evolve with stress for creep
loading along the [111] orientation. This is due to the inherent geometric orientation of
the channel for the [111] single crystal, which does not allow rafting (Liu et al., 2008). In
our framework, this effect is captured due to the rotation of the channel width tensor as

a function of the loading orientation (cf. Equation (4.24)). For the [111] orientation, the

primary contribution to the evolution of channel width is due to isotropic coarsening.
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The channel width evolution has several effects on the material’s response: (a) the Orowan
stress decreases as the channel width increases (Equation (4.8)), which increases the matrix
slip rate (Fedelich et al., 2009), and (b) coherency between the precipitate and matrix
phase reduces during rafting, which makes precipitate shearing easier (Tinga et al., 2009a).
While coherency stresses have not been explicitly accounted for in our model, the effect on
Orowan stress has been modeled using appropriate constitutive equations in the present
work. When deformation is dominated by precipitate shearing and/or matrix slip (tensile
tests, creep tests at higher stresses), rafting causes an increase in the crystallographic slip
rate. On the other hand, rafting increases the load-bearing capacity of the material when

dislocation climb dominates deformation (creep at lower stresses) (Tinga et al., 2009a).

Before moving further, it should be noted that experimental data for channel width are
not available for PWA-1484. Hence, relevant model parameters calibrated to CMSX-4 are
used for PWA-1484 predictions as well, with the inherent assumption of similar channel

width evolution.

There are some differences in the underlying deformation mechanisms for creep under
[0 0 1] and [1 1 1] loading. Based on model predictions for CMSX-4, the contribution
of dislocation glide to deformation is higher as compared to dislocation climb at higher
stresses for the [1 1 1] orientation (Figure 4.12), which may have led to higher tertiary
creep rates for [1 1 1] loading as compared to [0 0 1] loading. For the [0 0 1] orientation,
the Orowan stress decreases with an increase in rafting (cf. Figure 4.11). This may have
led to stress relaxation within the v channels and an accompanying decrease in the glide
rate. This may have caused a decrease in the tertiary creep rate during the later stages of

creep deformation for the [0 0 1] orientation as compared to the [1 1 1] orientation.
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FIGURE 4.9: Evolution of channel width during creep loading at 1223 K for (a) [001]
and (b) [111] orientations. The simulated data is plotted with solid lines, while the
experimental data (Fedelich et al., 2009) is plotted with symbols.
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Further, we have varied the channel width parametrically to study its effect on the macro-
scopic response. For this study, three simulations with varying channel width (keeping the
volume fraction of precipitate constant at 0.72) were performed for both tensile and creep
loading of a [0 0 1] CMSX-4 crystal at 1223 K. These results are shown in Figure 4.10. The
fyl phase fraction plays a key role in governing the mechanical properties of single crystal
Ni-based superalloys. A higher *y/ volume fraction enhances tensile and creep strength by
hindering dislocation motion (Reed, 2008). The effect of a change in channel width on
the macroscopic behavior is significant for tensile loading, with an increase in flow stress
as the channel width decreases. This is primarily an effect of the increase in the Orowan
stress (cf. Equation 4.8) with a decrease in channel width. However, no significant effect

was observed on the creep response with varying channel width.
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FIGURE 4.10: Influence of initial channel width value on the macroscopic response during
(a) tensile loading at a strain rate of 1074 s~ 1 at 1223 K, and (b) creep loading at 520
MPa at 1123 K stress for [001] orientation for CMSX-4.

4.3.5 Evolution of Orowan stress during tensile and creep loading

Figure 4.11 shows the evolution of Orowan stress with respect to time for tensile and
creep loading, respectively. The Orowan stress decreases with an increase in time for
both cases, although the drop in stress for tensile loading is abrupt at the beginning of
inelastic deformation, when dislocation glide has not yet set in. This is primarily due to the
increase in channel width due to rafting, which can lead to stress softening for low-strain-
rate tensile loading (Desmorat et al., 2017). Our model predicts that the Orowan stress is
almost constant (after the initial drop) even at the lowest strain rate (at 10~4s~1) as these
tests are not long enough to allow for microstructure degradation. This may also explain
the stress plateau observed during stage 3 tensile loading (cf. Section 4.3.1). Initially,

deformation occurs due to dislocation climb until the critical resolved stress for glide does
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not reach the threshold value, after which dislocation glide dominates the deformation. A

sudden drop in the Orowan stress is observed when slip gets activated.

(a) 50 — — . , . :
CMSX-4:[001]: 1223 K CMSX-4:[001]:1223 K  —250 MPa

A4o-_\ 1 .40

&

30f . i
=

=

520
5
l\ 10 L e
_10-4 s-1
o . . . . 0 . . .
0 100 200 300 400 500 0 2 4 6 8
t(s) t(s) %10°

FIGURE 4.11: Evolution of Orowan stress with time for (a) tensile loading at 10~4s~!
strain rate and (b) creep loading at 250 MPa stress for CMSX-4.

4.3.6 Relative slip activity

Figure 4.12 shows the contribution of different deformation modes as a function of von
Mises effective strain for loading in tension, cyclic and creep conditions for the [001] and
the [111] orientations at 1123 K. Note that the cyclic tests were conducted for a strain
amplitude of 0.01.

As can be seen, octahedral slip in the matrix phase is dominant for loading along the
[001] orientation, while the contribution from cube slip in the precipitate phase is higher
for loading along the [111] orientation. Also, deformation occurs primarily by dislocation
glide for tensile and cyclic loading, whereas for creep loading, deformation occurs primarily
by dislocation climb. Note that some climb activity is observed even during tensile and
cyclic loading during the initial transients, until the threshold to initiate deformation by
slip is reached. Further, glide activity is also observed during the initial phases of creep
deformation, until the creep stresses have been relaxed by dislocation climb. While there is
some experimental transmission electron microscopy evidence showing the presence of both
octahedral and cube dislocations in the precipitate phase at elevated temperatures (Wang
et al., 2014b; Ding et al., 2021), there is no clear indication in the literature about whether
these dislocations were formed due to glide or climb. Moreover, the relative fraction of
different types of dislocations is also difficult to estimate using such techniques. Based
on the fit to the experimental macroscopic response, our model predictions indicate that
octahedral glide in the precipitate phase, although present to a small extent for tensile

and cyclic loading, is rather limited.
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Rafting also plays an important role during creep deformation. Dislocation slip occurs in
the v matrix at the onset of creep deformation, which increases the dislocation density.
The material hardens as a result, and the creep strain rate decreases as further dislocation
multiplication and motion are hindered by existing dislocations in the narrow « channels
(Xu et al., 2023). This corresponds to the steady state, secondary creep. These v channels
widen due to isotropic coarsening and rafting at elevated temperatures. Consequently, the
glide of dislocations in the 7 channels becomes relatively easier (Liu et al., 2025). This
also causes an increase in the creep strain rate and corresponds to the initiation of tertiary
creep. Thus, the microstructure degradation caused by isotropic coarsening and rafting is
one of the primary contributors to the acceleration of creep rate during the later stages of

deformation (Fan et al., 2015).

4.3.7 Creep-fatigue interactions

In the previous sections, the constitutive model has been calibrated to predict the tensile,
cyclic, and creep response of CMSX-4 and PWA-1484 for a wide range of loading condi-
tions. Here, we use the model to predict the creep-fatigue interactions for both alloys as

validation test cases.

Figure 4.13 compares model predictions of tensile or cyclic relaxation in terms of the
stress-strain as compared with the corresponding experimental data for CMSX-4 for dif-
ferent orientations ([001] and [111]) and different strain rates at 1123 K and 1223 K (Vattré
and Fedelich, 2011). Strain-controlled relaxation tests were performed with strain holds
of different time intervals during cyclic/tensile loading. The loading histories are given in
the form of strain versus time plots in Figures 4.13 and 4.14. The model is able to qualita-
tively predict the experimentally observed relaxation behavior for CMSX-4. There is some
variation in the predicted flow stress, as compared with the experimental data at 1123 K
for [111] orientation. As mentioned earlier, this might be due to the model’s inability to
capture the the temperature- and strain rate-sensitivity of the backstress evolution for the
[111] orientation at very low strain rates. Similar to the cyclic loading data in Figure 4.5,
the effects appear to be more severe for [111] loading as compared to the [001] loading.
Future work could consider the said temperature- and strain rate sensitivity to improve the
model’s predictive capabilities. Further, as can be seen in the experimental data in Figure
4.13(c), there is some cyclic softening observed; the constitutive model for which has not
been proposed here. As was seen earlier, the peak stresses during cyclic loading are not
predicted accurately by the model, although qualitative concurrence is still present. Mech-

anisms responsible for cyclic softening include precipitate shearing, precipitate dissolution,
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FIGURE 4.12: Relative activity of different deformation modes as a function of applied
strain for tension, cyclic, and creep loading along [001] and [111] orientations at 1123 K.
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precipitate disordering, and loss of coherency between the precipitates and the matrix (An-
tolovich et al., 1981; Sundararaman et al., 1989; Humphreys and Hatherly, 2012; Phillips
et al., 2013; Zhang et al., 2019¢; Leon-Céazares et al., 2020a). Recent works on constitutive
modeling of Ni-based superalloys have considered such effects (Leon-Céazares et al., 2020a;

Agaram et al., 2021), and similar models could be included in future work.
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FIGURE 4.13: Strain versus time for strain-controlled relaxation test for (a) [001] orien-
tation at 1123 K, and (d) [111] orientation at 1123 K, and (g-j) [001] orientation at 1223
K. The corresponding simulated creep-fatigue behavior as a function of (b) strain and (c)
time for [001] orientation at 1123 K, and (e) strain and (f) time for [111] orientation at
1123 K, and (h-k) strain and (i-1) time for [001] orientation at 1223 K as compared with
the experimental data for CMSX-4 (Vattré and Fedelich, 2011). The simulated data is
plotted with solid lines, while the experimental data is plotted with symbols.

Figure 4.14 compares the simulated cyclic relaxation stress-strain curve with the cor-
responding experimental data for PWA-1484 for [001] orientation at 1255 K for strain
amplitudes 0.005 and 0.008 (Staroselsky and Cassenti, 2010). A strain hold of 5 minutes
was applied both in tension and compression at the maximum strain for each cycle. Fur-

ther, note that the number of cycles is different in both cases. Model predictions agree
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qualitatively with the experimental results for PWA-1484. However, the peak stresses are
not predicted accurately here as well. This could be due to the fact that the strain ampli-
tudes are very small in both these cases, and the initiation of plastic deformation is not
predicted accurately. It can be seen that the model predicts the width of the hysteresis

loop better at higher strain amplitude, which is expected to have higher plastic strain.
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FIGURE 4.14: (a), (c) Strain versus time for strain-controlled relaxation test for [001]

orientation at 1255 K and two different strain amplitudes. The corresponding simulated

creep-fatigue behavior as compared with the experimental data for PWA-1484 (Starosel-

sky and Cassenti, 2010) is shown in (b) and (d). The simulated data is plotted with solid
lines, while the experimental data is plotted with symbols.

4.3.8 Simulated response with different number of elements

Figure 4.15 shows that the simulation results do not vary with the number of elements.

4.3.9 Discussion

While the constitutive model presented in this work is comprehensive enough to capture
the temperature- and strain rate-sensitivity, directional hardening, and microstructure
evolution during creep loading, there are certain underlying assumptions involved in these

equations:



Chapter 4. Single Crystal Ni-based Superalloys 96

(a) 1400 - - ; ; - (b) 0.12 —r .
- 4 1 CMSX-4 : [111] : 1223 K : 450 MPa
1200 CMSX-4:[111]:1123K:10*s™ 01}
/t-G\ 1000} A 0.08} * Exp.
800} emr——— — ] - —Sim._1_Element
=3 sook [ |  £0.06f —sim._27 Elements
[ N L
& soolf - Exp. | 0.04
200 —Sim._1_Element | 0.02}
0 . . —§im._2_7_EIer_nents 0 - ,
0 001 0.02 0.03 0.04 0.05 0.06 103 10* 10° 10°
€33 t(s)

FIGURE 4.15: Simulated response with different number of elements for (a) tensile loading
at 107%s7! strain rate and (b) creep loading at 450 MPa stress for CMSX-4. No noticeable
difference is observed on increasing the number of elements.

1. It has been assumed that the channel width due to rafting increases along the loading

direction, which is only valid for negative lattice misfit alloys subjected to tension.
With appropriate modifications, positive misfit can also be accounted for in the

present framework (cf. Desmorat et al. (2017); Wu et al. (2019¢)).

. The volume fraction of ’yl precipitates has been assumed to be constant in the present
work. However, precipitate dissolution is expected to occur beyond a critical tem-
perature (Desmorat et al., 2017). Based on fit to appropriate experimental data, the
change in volume fraction with temperature can be empirically or phenomenologi-
cally modeled (Fan et al., 2015; Desmorat et al., 2017). Insights from phase field and
kinetics models could also be used to inform such constitutive equations (Masoumi

et al., 2016). This can also be accounted for with minor modifications.

. Lattice misfit and associated coherency stresses have not been explicitly considered
in our model. Coherency stresses affect the fatigue, creep, and directional coarsening
(Tinga et al., 2009a). Further, these may also influence the type of rafting observed

in single crystal superalloys (Guo et al., 2021). In our model, these stresses are im-

67

plicitly assumed to be present in the threshold stress term, sg;, and their description

can be refined further in future work.

. Finally, the effect of APB energy on precipitate shearing (Ghorbanpour et al., 2017;
Li et al., 2019b; Gupta and Bronkhorst, 2021) and its temperature dependence has
not been explicitly considered in our work. This may be expected to vary between
alloys with different compositions. While this term is inherently assumed to be
present in the temperature-dependent threshold resistance, 7 (cf. Ranjan et al.

(2021)), its description can also be refined in future work.
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Moreover, despite these assumptions, the model is able to predict qualitative trends of
mechanical response across a wide range of loading histories for the two alloys, CMSX-4
and PWA-1484..

4.4 Conclusions

We have proposed a crystal plasticity constitutive framework for modeling the thermo-
mechanical deformation of single crystal Ni-based superalloys. In this dislocation density-
based framework, slip is modeled using an Arrhenius-type activation energy-based equa-
tion. A model for the evolution of the slip system-level back stress is used to predict
the cyclic response. Climb of dislocations is modeled with consideration for the climb
kinematics perpendicular to the slip plane and a Peach-Koehler-type crystallographic nor-
mal stress that causes climb. Further, dislocation climb is modeled using a power law
type equation with temperature dependence. Material-specific hardening mechanisms such
as Orowan looping around precipitates, grain/precipitate size hardening, and dislocation
density-based hardening are considered in this framework. The substructure evolution is
considered in terms of the mobile and immobile dislocation densities. Further, consti-
tutive equations for rafting and isotropic coarsening of the ' precipitates are developed
to account for the microstructure evolution commonly observed in these materials during
creep deformation. The constitutive model has been implemented and coupled with the

open-source finite element library, MOOSE, using a fully implicit time integration scheme.

Application of the constitutive model has been demonstrated to predict the mechanical
response of two different single crystal superalloys, CMSX-4 and PWA-1484, and com-
pared with available experimental data. Specifically, the orientation-, temperature-, and
rate-dependent response has been predicted under tensile loading. The cyclic and creep re-
sponse has also been predicted for a range of strain amplitudes, orientations, and stresses,
respectively. Insights obtained from the model have been used to understand the compet-
itive role of various deformation mechanisms during different loading conditions. Finally,
the model has been used to predict the creep-fatigue interactions in both alloys and com-

pared with available experimental data.

This physically-based, microstructure-sensitive constitutive model accounts for a wide
range of deformation mechanisms that may occur under different loading conditions dur-
ing the operation cycle of these alloys in aerospace components. The model’s ability to
predict the mechanical response due to such competing effects at relatively low computa-

tional costs (as compared to more computationally intensive tools, such as coupled phase
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field-crystal plasticity models) is one of the main advantages of this framework. Fur-
ther, while mechanisms such as dislocation density-based backstress evolution, dislocation
climb kinematics, orientation-dependent channel width evolution, and temperature- and
stress-dependent evolution of rafting kinetics, have been individually proposed in the lit-
erature, their integration into a unified crystal plasticity constitutive framework for single
crystal superalloys enhances the model’s predictive capabilities significantly over a wide
range of possible deformation histories. This is the primary contribution of the proposed

framework.



Chapter 5

Modeling Heterogeneous
Deformation of Polycrystalline

Ni-based Superalloys

5.1 Introduction

Polycrystalline Ni-based superalloys, processed by the PM route, have superior high-
temperature mechanical properties and find use in gas turbine engine disks (Shenoy et al.,
2008; Kozar et al., 2009; Stinville et al., 2015; Zhang et al., 2022b). The properties of these
alloys are dependent on the underlying microstructure (Shenoy, 2006), which generally has
a two phase microstructure: 4 matrix, with FCC crystal structure, and ~ precipitates,
with L1s-type crystal structure (Kozar et al., 2009). Further, the ’yl precipitates are clas-
sified into three categories (primary, secondary, and tertiary q/) depending on their size
(Boittion et al., 2010). While, the primary ' precipitates are micron-sized and separated
from the v matrix by high-angle boundaries, the secondary and tertiary 4 precipitates are
sub-micron sized, and generally coherent with the « phase (Kozar et al., 2009). Generally,
the strength of these alloys increases marginally from room temperature to 800 °C, due
to the presence of long-range ordered intermetallic 7/ precipitates (Kozar et al., 2009),
and then starts dropping at higher temperatures. Deformation in these microstructures
is essentially a multiscale phenomena: the secondary and tertiary ’yl precipitates (referred

hereon as 'y; and 'yg, respectively) provide strengthening to the matrix at the sub-micron

1Signiﬁcan‘c parts of this chapter have been published in Chaudhary et al. (2023).
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scales, while the primary 7/ precipitate (simply referred as 7;), annealing twin boundaries

and grain boundaries influence polycrystalline deformation at the grain (micron) scale.

Significant research has been performed to study the deformation and failure mechanisms
in these superalloys via experimental techniques and crystal plasticity modeling tools
Castelluccio and McDowell (2014, 2016); Prithivirajan and Sangid (2020); Zhang et al.
(2022b); Stinville et al. (2016); Latypov et al. (2021); Hestroffer et al. (2022). Several
studies have focused on mapping the strain localization phenomena in Ni-based superal-
loys using high-resolution microscopy (Wang and Pan, 2015; Jiang et al., 2017; Liu et al.,
2019; Charpagne et al., 2020). Crystallographic orientation-based misorientation can be
obtained from EBSD and used in the analysis of heterogeneous deformation (Charpagne
et al., 2021). Information related to local deformation and dislocation activity can also be
obtained from the misorientation (Zhang et al., 2022b). It has been observed that the Dig-
ital Image Correlation (DIC) measured plastic strain correlates with these misorientation
measures Harte et al. (2020). Recently, cross-correlation strains have also been measured
to study the strain localization by using high-resolution EBSD (Wilkinson et al., 2006;
Zhang et al., 2014, 2018). Generally, studies have used the strain concentration or KAM
localization as an indicator of local plastic deformation and correlated with the propensity
for crack initiation (Stinville et al., 2016; Jiang et al., 2017; Harte et al., 2020; Zhang et al.,
2022b). Statistical and computational analyses show that the plastic strain accumulates
particularly at regions near grain boundaries and interfaces near the triple junctions and
sharp corners (Stinville et al., 2015; Latypov et al., 2021; Hestroffer et al., 2022). Further,
annealing twins also form during the processing of polycrystalline Ni-based superalloys
(Stinville et al., 2015). Crack initiation has been observed near these annealing twin
boundaries during low-cycle fatigue of Ni-based superalloys (Zhang et al., 2022b; Miao
et al., 2009, 2012; Stein et al., 2012; Stinville et al., 2017b).

Meanwhile, modeling frameworks have been developed with physically representative con-
stitutive equations and considering realistic microstructures. Several CPFE frameworks
have been developed to predict the heterogeneous strain fields at the grain-scale for mono-
tonic and cyclic loading for the analysis of local deformation in polycrystalline Ni-based
superalloys (Shenoy et al., 2008; Castelluccio and McDowell, 2014; Manonukul and Dunne,
2004; Ghorbanpour et al., 2017; Chen et al., 2018; Bandyopadhyay and Sangid, 2019;
Prithivirajan and Sangid, 2020; Agaram et al., 2021; Zhang et al., 2022b; Eghtesad and
Knezevic, 2021; Chandra et al., 2018; Kashinga et al., 2017; Luccarelli et al., 2019; Bergsmo
et al., 2022; Zhang et al., 2022a, 2016). Recently, there has also been significant work on
crystal plasticity modeling of additively manufactured Ni-based superalloys (Aburakhia
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et al., 2022; Babamiri et al., 2022; Pilgar et al., 2022). While phenomenological hardening
equations are often used in these crystal plasticity models, physically-based micromechan-
ical models (Shenoy et al., 2008; Ghorbanpour et al., 2017; Collins and Stone, 2014; Kim
et al., 2018; Wu et al., 2023; Tan et al., 2019) could also be used to improve the pre-

dictability of the modeling frameworks.

To date, most of the CPFE frameworks consider the deformation of the v matrix and
the 'yl precipitates in a homogenized fashion. While this may be a reasonable approach
where the precipitates are generally nanometer-sized, PM processed superalloys generally
also have micron-sized 'yl precipitates. These ’y/ precipitates may be expected to influence
the deformation and failure of these alloys, in addition to the annealing twins and grain
boundaries (Flageolet et al., 2005; Jiang et al., 2015a). For example, Figure 5.1 shows
the SEM and TEM images of the as-received microstructure of the PM processed super-
alloy considered in the present study (characterization details are presented later). The
microstructure shows micron-sized primary '71,9 precipitates and cuboidal-shaped secondary
7; and tertiary 7; precipitates embedded in the v phase. The typical size of ’y; and 7;
precipitates was found to be in the range 200 — 300 nm and 10 — 30 nm, respectively. This
multiscale microstructure may contribute to strengthening and heterogeneous deformation
at multiple length scales (Shenoy et al., 2008) and should be considered appropriately in
constitutive models. Generally, there are not many constitutive modeling frameworks in
the literature that explicitly consider experimental inputs such as phase chemistry and
precipitate sizes for these superalloys. The individual deformation of ’y;) precipitates and
their effect on the local deformation have also not been considered. Further, the com-
petitive role of microstructural features, such as twin boundaries, grain boundaries, and
matrix-precipitate interfaces, on the deformation heterogeneity (and eventual failure) of
these PM processed alloys has not been studied in detail. The present work attempts
to address these issues by considering these microstructural features and the associated
strengthening mechanisms in a crystal plasticity constitutive framework, with the objective

of studying their competitive role in the deformation and misorientation developments.

We propose a crystal plasticity framework for a PM-processed polycrystalline Ni-based
superalloy. This framework accounts for the individual deformation of the matrix (v
phase, with homogenized distribution of 7; and ’yé precipitates), and the 71; phase sepa-
rately, with the objective of identifying their effect on the local and aggregate deformation
characteristics. The framework is informed by relevant experimental measurements. The
concentration of the solute species present in the matrix and 71/, phases is obtained di-

rectly from EDS measurements and serves as input to the relevant strengthening models,
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FIGURE 5.1: SEM and TEM images of the as-received material showing (a) the primary
7, precipitates at the grain boundaries, and (b), (c) the secondary v, precipitates and (d)

the tertiary 'y; precipitates. Mean precipitate sizes are also given in the inset.

along with the EBSD microstructures. The model has been calibrated to reproduce the
macroscale stress—strain response at 293 K and 923 K, and then validated by predict-
ing the response at 523 K and 723 K. Room temperature tensile deformation simulations
have been performed on the EBSD microstructures and compared with their experimen-
tal counterparts from interrupted tensile testing to study the substructure evolution. In
this regard, statistical analysis of competitive misorientation development at various mi-
crostructural features, such as grain boundaries, twin boundaries, and matrix-precipitate

interfaces, is performed to investigate their effects on heterogeneous deformation.

The novelty of the present work lies in the consideration of physically-based deformation
mechanisms in the crystal plasticity constitutive model, in combination with synergis-
tic experiments, which provide microstructural inputs to the model as well as serve as
validation, for studying competitive deformation mechanisms in polycrystalline Ni-based

superalloys.
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5.2 Material and Experimental Characterization

5.2.1 Material

The material used in the present work is a polycrystalline Ni-based superalloy, processed
using the PM route. The alloy was obtained from the Defence Metallurgical Research
Laboratory (India) in the form of circular rods. The As-Received (AR) material did
not exhibit any dominant texture components. Micro-tensile samples extracted from the
AR rod were then used to study the microstructure evolution with progressive, albeit

interrupted, plastic deformation.

5.2.2 Experimental Characterization

Interrupted progressive tensile tests were carried out on micro-tensile specimens having
the following dimensions: 5 mm gauge length, 2 mm gauge width, 1 mm thickness, and
16 mm total length. A screw-driven Instron 3345 Universal Testing Machine (UTM), with
a 5 kN load cell, was used to perform the deformation at a nominal strain rate of 1074 s71.
The data from monotonic tensile tests were used to calibrate our crystal plasticity model,
while the microstructure characterization data from interrupted tensile tests were used for

comparison with model predictions of misorientation developments.

Traditional metallography, followed by sub-micron colloidal silica polishing, was used to
prepare the samples. EBSD measurements were performed using a FEI Quanta 3D-FEG
(Field Emission Gun) scanning electron microscope, equipped with a TSL-EDX EBSD
system. A 0.1 cutoff on the Confidence Index (CI), signifying 95% accuracy in the EBSD
indexed patterns, was applied during subsequent analysis. Microstructural characteriza-
tion was carried out on samples deformed up to 0%, 5%, 10% and 15% nominal strain.
All scans were collected from the center of the micro-tensile specimens (identified using

indented impressions), in order to avoid any edge effects.

In order to analyze the v; precipitates, the polished specimens were then etched using
Collins etchant, with a composition of 100 ml (38%) Hydrochloric Acid, 100 ml Ethyl Al-
cohol, and 5 grams Copper (II) Chloride. Subsequent SEM imaging revealed the cuboidal
nature of the 7; precipitates, as shown in Figure 5.1(b). The SEM micrographs were
acquired using a FEI Nova-Nano SEM, while SEM-EDS (Energy-Dispersive X-Ray Spec-
troscopy) was obtained with a commercial EDX system. The 72 precipitates were char-

acterized using TEM. The TEM specimens were prepared in a Struers Tenupol-5 twin-jet
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FIGURE 5.2: (a) Representative EDS composition maps, and (b) corresponding average
concentrations of the constituent elements in the matrix (y with embedded v, and
precipitates) and primary v, phases.

electropolisher, using a 90:10 ratio of methanol to perchloric acid, at 15 V DC, and at a
stable temperature below 250 K. TEM investigations were carried out on a Thermofisher
Themis-300 microscope (300 keV operating voltage) with a four-detector ChemiSTEM
EDS arrangement. Further, High Angle Annular Dark Field-Scanning Transmission Elec-
tron Microscopy (HAADF-STEM) images were used to characterize the 4, precipitates (cf.
Figure 5.1(c,d)).

SEM-EDS results for the as-received material are shown in Figure 5.2(a). This charac-
terization was performed at 5 different spots in the matrix (y matrix with embedded ’y;
and 7; precipitates) and primary 7;, phases each to estimate the mean concentration of
the constituent solute atoms in the different phases (cf. Figure 5.2(b)). The information
obtained from this characterization was used to inform the crystal plasticity model. Note
that SEM-EDS does not have the spatial resolution to measure compositions in the ~,
and 'y; precipitates, hence the compositional heterogeneity in the matrix has not been
considered in the present work. Further, the TEM investigations were limited to obtain-
ing the spatial size distribution of tertiary 'y; precipitates, and further reference to EDS
implies SEM-EDS measurements. The average chemical composition of the superalloy was

determined using EDS and is given in Figure 5.2.
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As will be explained later, identification of individual matrix and primary 71; precipitates
phases from EBSD measurements is required for the CPFE simulations. However, the
and 'y;, precipitates belong to the same space group (F-m3m), with nearly identical lattice
parameters (cf. Figure 5.3(a)). Kinematically simulated Kikuchi patterns (generated
using the TSL-OIM software) also indicate the same. The diffracting planes in electron
diffraction can be calculated readily using the kinematical theory, provided the atomic
positions within a unit cell are known (Cullity, 1956). Although the bandwidth and
location of these kinematically simulated patterns would be identical to experiments, the
intensity profiles may differ significantly. This is because the interference effects alter the
resulting diffracted intensities. This makes the identification of the individual phases non-
trivial. The present work uses the PRIAS (Pattern Region of Interest Analysis System)
signal, overlaid with orientation measurements to resolve this issue. PRIAS considers the
EBSD detector (or the phosphor screen) as a sequential array of up to 25 positional electron
detectors for sample imaging (Nowell et al., 2014; Wright et al., 2015; Adams et al., 2020).
Hence, the topographical contrast between these two phases, arising due to differential
polishing, can be captured using PRIAS. A higher PRIAS signal, in conjunction with the
point-to-point misorientation, is observed in the 'y;, phase region, when compared to the
surrounding matrix (cf. Figure 5.3(b)). This has been used to distinguish the 7;0 phase
from the matrix (y, with embedded ~, and v, precipitates). Figure 5.3(b) shows the phase
map of the matrix (in red color) and the 'y; phase (in green color). To the best of our

knowledge, such a phase separation technique has not been reported previously.

5.3 Crystal Plasticity Framework

The crystal plasticity framework accounts for the role of local microstructure on the defor-
mation behavior of PM-processed Ni-based superalloys. Specifically, the framework con-
siders: (a) elemental concentration of the matrix and y; phase (from EDS), (b) grain size,
crystallographic orientation and spatial distribution of the matrix and 71’) (from EBSD),
and (c) crystallographic orientation and spatial distribution of the annealing twins (from
EBSD). Appropriate constitutive models are developed for considering the role of each of
these features in strengthening and deformation. The deformation length scale of inter-
est in the present problem is at the scale of grains; hence, individual deformation of the
nanometer-sized 7, and ~, is not considered explicitly. Rather, their contribution to the
strengthening of the v phase has been considered in a homogenized sense. The framework
has been adapted from (Ranjan et al., 2021; Chaudhary et al., 2022), where the deforma-

tion behavior of single crystal Ni-based superalloys was studied. Constitutive equations
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FIGURE 5.3: (a) Experimentally acquired Kikuchi patterns are compared to the kinemat-

ically simulated Kikuchi patterns for the v as well as 7; phases, for a given set of Euler

angles. (b) Line profile analysis of PRIAS signal, in conjunction with point-to-point mis-
orientation data, used for identifying the v and ’y;) phases in EBSD.

related to the basic framework, along with phase-specific strengthening mechanisms, are
presented here, while additional details of substructure evolution models adopted from
previous works (Ranjan et al., 2021; Chaudhary et al., 2022) are provided in the Table
5.1.

The finite deformation framework assumes the multiplicative decomposition of the defor-
mation gradient, F, into the elastic, F'¢, and inelastic parts, F* (Asaro and Rice, 1977),
i.e.,

F=F°. F (5.1)

Here, F* accounts for the shear due to inelastic deformation on the undeformed lattice,
mapping the reference configuration to an isoclinic, intermediate configuration, and F'*¢
accounts for the elastic lattice distortion and the rigid body rotation that maps the inter-

mediate configuration to the current, deformed configuration.

The framework considers the individual decomposition of the constituent phases, i.e., the
~ matrix containing the secondary, fy;, and tertiary, 'yl:, precipitates (referred simply as the

matrix), and that of the primary ’y; precipitates, separately. The elasticity tensor for the
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matrix and the primary 7]; are given as (Ranjan et al., 2021):

((1 - fvé - f%) ngkl_l + (f,y; + f%) C'f/],'klﬂ)_l s matrix

ikl
C,y/ I ’Yp

CM = (5.2)

where, C’ij,'kl and C’%jkl represent the anisotropic elasticity tensor of the precipitate (7/)
phase and the ~ phase, respectively. f%rj, f,y;, and f“/t’ represent the volume fractions of the
primary, secondary, and tertiary precipitates, respectively. As a first-order approximation,
the anisotropic elastic constants for these primary, secondary, and tertiary precipitates are
assumed to be the same. Density functional theory calculations may be used in future
work to determine the elastic constants of the individual precipitates (for example, see
(Ghorbanpour et al., 2017)).

The inelastic spatial velocity gradient, L%, is related to F* according to: F' = L* - F*.
L? due to the crystallographic shearing rates, is tensorially summed over all possible

deformation systems, i.e.,

) ZN; 4%s§ @ mg; matrix
Ll = (le ! 0 0 , (53)
> as1 V86 @ m{; v,

where, 4 is the inelastic shearing rate on slip system «. The slip direction and slip plane
normal in the reference (and intermediate) configuration are given by s§ and mg. Nj
and N, denote the total number of slip systems in the matrix and ’y;, phase, respectively.
We consider 12 octahedral {111} < 110 > slip systems in the matrix phase. Further, we
consider 24 octahedral {111} < 110 > slip systems (explicit forward and backward slip)
and 6 cube {001} < 110 > slip systems in the 'y;) phase. The additional slip systems in
the 'y]; phase are motivated by the non-Schmid deformation modes commonly observed in
these Ljs phases (Allan, 1995; Ghorbanpour et al., 2017; Ranjan et al., 2021). Forward
and backward slip are expected to be influenced differently by the non-Schmid stresses in
the 'y{o phase, and this is one of the primary contributors to the experimentally observed
tension-compression asymmetry (Keshavarz and Ghosh, 2015a; Ghorbanpour et al., 2017;
Xu et al., 2023). Thus, 24 octahedral {111} < 110 > slip systems are considered for the
primary ’y;, precipitates. In FCC crystals, the octahedral {111} planes are the closed-
packed planes amenable to slip. However, there is also evidence of slip on the cube {100}
planes, which generally are not closed packed (Me ric et al., 1991; Osterle et al., 2000;
Tinga et al., 2009b). Hence, we have considered cube slip as an additional deformation

mode in the primary 'y],) phase.



Chapter 5. Ni-based Superalloy - Heterogeneous Deformation 108

Dislocation glide has been modeled using a thermally-activated Arrhenius-type model for
crystalline solids (Kocks et al., 1975; Ranjan et al., 2021):

_ - g
) AF« ro|—se \Pi \
Yo;€7P | — 7 (1 - (‘]lgja]) ) sgn (T]a) ;
I q
AFe ro_ga \Pj \ "V /
e a, . (0% (07 s
Yo €exp -7 (1 — (W) ) TS > Sgg, e € oct, j €y,
AF® |rer| s\ Pi
L& R _ 1J1 "aj
Yo TP ET (1 ( 5 )

0; otherwise

T]a’ > Sgj. @ € oct, j € matrix

; T]a‘ > Sgj. v € cube, j € fy:;

(5.4)
Here, a € oct, j € matrix represents octahedral slip in the matrix phase, and « € oct, j €
'y;, represents octahedral slip in the ’y;) phase, while o € cube, j € 7/ represents cube slip
in the 'y; phase. In the above equation, 5g; represents the reference strain rate, AFJ-O‘
represents the dislocation glide activation energy, k represents the Boltzmann constant,
T represents the absolute temperature, 7;* represents the driving stress, sg; represents
the athermal slip resistance, sj; represents the thermal resistance, and, p§ and ¢f are
parameters governing the shape of the activation energy curve. Further, depending on the
phase, the driving stress, 7¢, is a function of the Schmid and non-Schmid stresses (Ranjan

J
et al., 2021) (Equation 5.8 in the Table 5.1).

The athermal slip resistance, s, represents the glide resistance due to the long-range stress
fields of other defects and obstacles. For octahedral slip in the matrix phase, this term is
assumed to have dominant contributions from the Hall-Petch effect, precipitate strength-
ening due to fy/ precipitates, and dislocation-based Taylor hardening. For octahedral slip
in the 'y;) phase, this term has contributions from the Anti-Phase Boundary (APB) energy
dependent resistance, Hall-Petch strengthening, and dislocation strengthening (Chaud-
hary et al., 2022). For cube slip in ’y];, this term is assumed to have contributions from
Hall-Petch strengthening and dislocation strengthening (Chaudhary et al., 2022). The

respective contributions are given as:

ki b (S Nm £\. . .
Tps T Td% + k,;G;b; (Zg:1 Aafpj), a € oct, j € matrix
kH;j N, . /
s — ] Tirp T \/;i + ki Gty (Sey A°p5 )i € oct, j € 7,
aj v
T0; + g k,;Gib; (Z?jl Aaﬁpﬁ);a € cube, j € ’y;

d
V "

(5.5)




Chapter 5. Ni-based Superalloy - Heterogeneous Deformation 109

Here, 77 represents the strengthening of the matrix due to fy; and 'y; precipitates and
is described below. Further, 7§p5 represents the APB-dependent strength contribution
and 7; represents the intrinsic strength of the cube slip system. G; represents the shear
modulus, b; represents the Burgers vector magnitude, k,; represents the dislocation barrier
strength, A% represents the matrix of slip system dislocation interaction coefficients and

p¢ represents the dislocation density in the slip system &.

Matrix strengthening due to precipitates may occur due to three mechanisms depending
on the precipitate size (Kozar et al., 2009): (a) precipitate shearing by weakly coupled
dislocation pairs, where the resolved shear stress increases with precipitate size up to
~ 100 nm (applicable to 7,; in the present case), (b) precipitate shearing by strongly
coupled dislocation pairs, where the resolved shear stress decreases with precipitate sizes
in the range 100 nm to 400 nm (applicable to ’y,;), and (c¢) Orowan looping of dislocations
around precipitates for precipitate size > 400 nm (Shenoy et al., 2008; Kozar et al., 2009;
Collins and Stone, 2014; Ghorbanpour et al., 2017; Gupta and Bronkhorst, 2021). Since the
size of both fy; and ’y:t precipitates is less than 400 nm (cf. Figure 5.1), Orowan looping
is assumed to be absent in the present case. Accordingly, 75

ps
strengthening due to ’y; and ’)é and is modeled as (Collins and Stone, 2014):

) 1 i
o A (VAPB>§ 2d, fr\ 2 1 (’YAPB) 7 _1_1 Gb f%O 9w M . 3
ps 2 b Gb 2 b o2 d,yz Yoo wGbH?

S (5.6)

representing precipitate

Here, A is a geometric factor, vapp is the APB energy per unit area, dv' and dv' are
s t
the sizes of the fy; and 7; precipitates, respectively, and w represents the elastic repulsion

between the paired dislocations.

Lattice thermal vibrations overcome the short-range stress due to the thermal slip resis-
tance, s;. This is assumed to have contributions primarily from solute solution strength-

ening due to the various alloying elements (Roth et al., 1997; Ghorbanpour et al., 2017),

ie.,
1 do ’
s = —X \/G) ;a0 € oct,cube, j € matrix, 5.7
tg ]\4‘7 <m 7 J 7p ( )
Here, M; is the Taylor factor, C; is atomic fraction, and \/‘% is the strengthening coef-

ficient for a given element. The concentrations of the various alloying elements for the
matrix and ’y;) are directly obtained from experimental characterization (cf. Figure 5.2),

while the strengthening coefficients have been taken from literature (Roth et al., 1997).



Chapter 5. Ni-based Superalloy - Heterogeneous Deformation 110

The framework considers the evolution of slip plane-level mobile, P and immobile dis-
location densities, p?j. Constitutive equations for their evolution have been adapted from
(Ranjan et al., 2021; Chaudhary et al., 2022). Previously, these equations have also been
used to represent substructure evolution in bee, fec, and hep materials (Pokharel et al.,
2019; Thool et al., 2020; Patra et al., 2023) and are given as Equations 5.9 and 5.10 in
Table 5.1. The crystal plasticity model has been numerically implemented and interfaced
with the Multiphysics Object-Oriented Simulation Environment (MOOSE) open-source
finite element solver (Permann et al., 2020). A fully implicit Newton-Raphson algorithm
has been implemented for the time step integration Patra et al. (2023).
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5.3.1 Model Parameters

The model parameters were first calibrated to predict the macroscopic stress-strain re-
sponse of the polycrystalline superalloy at 293 K and 923 K and then validated by pre-
dicting the response at 523 K and 723 K. Parameters related to the initial yield were first
fitted to the experimental yield stress data at 293 K and 923 K, followed by the hardening
response. Physical justification for the former is provided in the following paragraphs. For
the latter, the response was fitted to the experimental response by altering the dislocation

evolution parameters.

The elastic constants for the v and » phases were obtained from Keshavarz et al. (2016).
The magnitude of the Burgers vector was taken from Keshavarz and Ghosh (2015a). All
temperature-independent model parameters for inelastic deformation are listed in Table
5.4, and all microstructural parameters are listed in Table 5.5. The shape parameters for
the dislocation glide enthalpy curve should lie between 0 < p} <1and 1 < ¢ <2 (Kocks
et al., 1975). Accordingly, we have chosen values that give a representative response.
The strengthening and dislocation evolution parameters (A%®, A%, p?w, p?, R.), were
adopted directly from Ranjan et al. (2021), while other parameters ( ;ijv kft}7 1 kﬁ‘w)
were obtained based on best fit to the experimental data. The Hall-Petch coefficients,
k%j, for ~ phase and ’y]; phase were taken from Kozar et al. (2009) and Ranjan et al.
(2021). Grain size (d,) and the size of 7;, precipitates (d%/)) were characterized from our
experimental microstructure by the line intercept method from the EBSD microstructure
using TSL-OIM software as given in Table 5.5. Our framework can account for individual
grain sizes based on the EBSD mesh and their corresponding strength contribution. While
we have not considered a strain gradient plasticity model, the framework provides the grain
size from the finite element mesh to the constitutive model (based on the assumption of
a circular grain shape), which then calculates the corresponding contribution of the Hall-
Petch term for each material point. Such an approach has also been used in the literature
(Zeng et al., 2016).

There is no data available in the literature regarding the APB energy-dependent strength
contribution, 74pp, for the superalloy under consideration. This term varies as a function
of temperature and was calibrated in Ranjan et al. (2021) for a single crystal Ni-based
superalloy, CMSX-4. As a first-order approximation, we have scaled the same as a function

of the representative APB energy of the polycrystalline superalloy (which is expected to
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be composition dependent), i.e.,

Tirp = TApBleMsx -4 <7§§p;!21;fsx4) (5.11)
The representative APB energy, y4pp, of the polycrystalline superalloy and that of CMSX-
4, yapB|lcmsx—4, were taken from (Ma et al., 2008; Kozar et al., 2009; Ghorbanpour et al.,
2017), while 74 pglomsx—4 was taken from Ranjan et al. (2021), where it was first fit to
the NigAl yield stress data (Heredia and Pope, 1991b) and then used for predicting the
asymmetric tension-compression yield behavior of CMSX-4 single crystal superalloys over

a range of loading orientations and temperatures (Ranjan et al., 2021):

TSpplomsx—a = 2.589 x 1071°T% —9.269 x 107127° 4 1.033 x 10737 — 2.784 x 107573

—1.452 x 107372 4+ 9.265 x 10717 — 6.522 x 10! MPa; 260 K < T < 1304 K
(5.12)

In this polynomial expression, the pre-factors of the temperatures vary over a wide range
of magnitudes as the temperature itself goes to a sixth-order polynomial. A sixth-order
polynomial was necessitated as 79 pp|carsx—4 initially increased with an increase in tem-
perature up to about 1000 K and then reduced beyond this temperature (cf. Figure 3(a)
in Ranjan et al. (2021)). We note that the APB energies are expected to vary as a func-
tion of superalloy composition. As discussed in (Ghorbanpour et al., 2017; Vamsi and
Karthikeyan, 2021), this can be estimated using lower length scale calculations to arrive
at more refined estimates in future work. Further, the temperature-dependent intrinsic
resistance for cube slip, 75;, was estimated by (Allan, 1995), and also used by (Ranjan

et al., 2021). Those values are directly used here in the following form:

858 — 0.577T MPa; T > 915 K
05 = (5.13)
330 MPa; T < 915 K

The geometry parameter, A, for precipitate strengthening was set to 0.72 (Collins and
Stone, 2014) (cf. Equation (5.6)). The elastic repulsion parameter, w, was set to 1.4
by fitting it to experimental data by Hiither and Reppich (1979), which was further ap-
proximated to be 1 by Collins and Stone (2014). Further, sizes of the secondary, dwé’ and
tertiary precipitates, d%, were estimated using the line intercept method for d o, from SEM
characterization and d% from TEM characterization. 'y;) volume fraction was calculated
from phase maps obtained from EBSD characterization, using the TSL-EDX software. The

volume fraction of 'y; precipitates is commonly observed to lie within 0.3 — 0.5 (Shenoy
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et al., 2008; Deng et al., 2020). Characterizing the SEM images (cf. Figure 5.1(b)) by
the line intercept method resulted in a similar volume fraction of v, (0.41). The vol-
ume fraction of v, was taken from literature (Deng et al., 2020). Coefficients for solution
strengthening in nickel were adopted from Roth et al. (1997), while the solute concentra-
tions have been obtained from our EDS measurements. The solute concentration profiles
obtained from EDS have been assumed to be uniform for a phase distributed across the
entire microstructure. Solute segregation at the twin and high angle grain boundaries has
not been explicitly considered in the model. This could also be a potential contributor to

heterogeneous deformation.

TABLE 5.2: Temperature-dependent elastic constants for v and 'y/ phase (Keshavarz

et al., 2016).
Parameter Value
~ C11 = (298.0 — 0.0967) GPa
Ci2 = (191.0 — 0.057T") GPa
Cyq4 = (139.0 — 0.035T7") GPa
~ C11 = (325.0 — 0.096T) GPa
C12 = (209.0 — 0.057T) GPa
Cys = (144.0 — 0.035T) GPa

TABLE 5.3: Temperature-invariant strengthening coefficients and solute concentrations
of the alloying elements for the matrix and +, phase. The strength coefficients are taken
from Roth et al. (1997), while the concentrations are from our EDS measurements.

Alloying Strength Coefficient Atomic Fraction Atomic Fraction
Element (MPa . At.Fractiorf%) (matrix) (fy;,)

Al 225 8.75 12.78

Mo 1015 2.80 0.72

Ti 775 5.70 9.71

Cr 337 14.68 4.68

Co 39.4 15.30 10.30

Ni - 52.80 61.90

5.4 Results

We first present model predictions of the monotonic stress-strain response over a range of
temperatures, as compared with experiments. We then study competitive misorientation
developments at the different microstructural features, namely, annealing twin boundaries,

. ! . . . . .
matrix /<, phase interfaces, and grain boundaries, during room temperature deformation.
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TABLE 5.4: Temperature-invariant flow, strengthening and substructure parameters for
7 and -, phase.

Parameter «a € oct,j € matrix « € oct,cube, j € ’y;,
Reference strain rate: “o; (sil) 102 1073
Activation energy for dislocation glide: AF}* 10Gb® 10Gb®
Shape parameters: pj, ¢ 0.5, 1.4 0.5, 1.4
Dislocation barrier strength: kp; 0.45 0.45
Dislocation interaction coefficients: A%®, A%¢ 1,0 1,0
Initial dislocation densities: pQ; (m ™), p7 (m~?) 1x10'2, 1x10'2 1x10'2, 1x10'2
Hall-Petch coefficient: kfy; (MPa./zm) 250 222.22
Dislocation multiplication constant: kfy; 0.24 0.25
Capture radius for annihilation 6b 6b
of mobile dislocations: R.
Dislocation trapping constant: kg; 0.12 0.065
Dynamic recovery constant: kg; 2000 5
Burgers vector magnitude: b(nm) 0.249 0.249
APB energy of polycrystalline superalloy: vapp (%‘2]) 200 200
APB energy of CMSX-4: yapB|lcmsx—a (%) - 111
Geometry parameter: A 0.72 -
Elastic repulsion parameter: w 1 -

TABLE 5.5: Microstructural parameters for v and *y/ phases.

Parameter Value
f7/7 fvf, fv" Iy 0.09, 0.41, 0.0772, 0.4228
P S t
d (pm), d., (nm), d (nm), d (pm) 3.9, 250, 19, 27.92
P s t

5.4.1 Macroscopic Stress-Strain Response

The constitutive model was first calibrated to the tensile stress-strain response at 293
K and at 923 K. The undeformed experimental (EBSD) texture shown in Figure 5.4 in
the Appendix (in terms of the (111), (110), and (001) pole figures) was used to generate
reduced textures comprised of 512 orientations for each deformation temperature. Prelim-
inary simulations were performed on 3D microstructures, in which an appropriate number
of grains were assigned to the primary 71/) precipitates according to their volume fraction,
and the rest were the matrix phase. 8 hexahedral elements (with linear interpolation) were
used per grain, assuming cube-shaped grains, using the reduced texture shown in Figure
5.4 in the Appendix. Roller boundary conditions were applied on the three adjacent faces
of the domain (displacements normal to these three faces were prescribed as zero). The
corner node common to these three faces was fixed. Displacement-controlled tensile load-
ing was applied along the y-direction (referred to as Loading Direction (LD) in Figure
5.4) at a prescribed strain rate of 10~% s~!. Comparison of the predicted mechanical re-

sponse is shown in Figure 5.7, while a comparison of the predicted deformed textures with
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their experimental counterparts is shown in Figure 5.4. The deformed experimental (111),
(110), and (001) pole figures show that the concentrations of poles along the Normal Di-
rection (ND) as observed in the undeformed pole figure become diffuse after 15% applied
strain due to lattice rotation at both temperatures. The model also predicts this behavior
qualitatively, although to a smaller extent. Enhanced lattice rotation at elevated temper-
atures (923 K) results in significant dispersion of the ND || (001) pole, a phenomenon well
captured by our model. Enhanced lattice rotation at elevated temperatures (923 K) leads
to a more pronounced dispersion of the ND || (001) pole compared to room temperature.
The model qualitatively captures this trend as is evident from the Texture Indices reported
before and after deformation in Table 5.6 The Texture Index (TI) is generally used as a

measure of the anisotropy of texture and is calculated as (Pai et al., 2025):

TI = /f(g)ng (5.14)

Where f(g) is the numerical ODF value in a small Euler space segment of dg. As can
be seen, the predicted TT is lower after deformation at 923 K, indicating a lower degree
of texture anisotropy due to the above mentioned dispersion of the ND || (001) pole, as

compared to deformation at room temperature.

However, it should be noted from both experiments and simulations that the texture

TABLE 5.6: Texture Index (TI) before and after tensile deformation as calculated from
the experimental and simulated textures.

Temperature (K) Experiment Simulation

293 (0%) 1.6650 17721
293 (15%) 1.6191 1.6677
923 (0%) 1.3638 1.3276
923 (15%) 1.2382 1.1959

evolution is not significant, as may be expected at a relatively small deformation of 15%
applied strain. Comparison of the deformed texture has also been shown in terms of
the Inverse Pole Figure (IPF) and Orientation Distribution Function (ODF) plots in the
Figure 5.5 and 5.6, respectively.

Figure 5.7(a) and (b) show the comparison of the model-predicted stress-strain response
with the experimental counterparts at 293 K and 923 K, respectively. The model predicts
the initial yield strength at both 293 K and 923 K with reasonable accuracy. However, the
experimental hardening rate at 293 K is initially low, followed by an increase in the harden-

ing rate. The constitutive model is not able to predict this trend, although the flow stress
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Experiment Simulation
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T

FIGURE 5.4: Comparison of the initial and predicted 512 grain deformed textures with
their experimental counterparts at 293 K and 923 K. Here, LD and TD refer to the
Loading and Transverse Directions, while the Normal Direction (ND) is out of the plane.

(and hardening) at higher strains (> 0.12) is again predicted with reasonable accuracy.
This is discussed later in Section 5.5. However, note that such a non-monotonic hardening
is not observed at higher temperatures, where the constitutive model can qualitatively

predict the response over the entire range of deformation.

Model predictions of mechanical response at two intermediate temperatures (523 K and
723 K) are used as validation cases (Figure 5.7 (c¢) and (d), respectively). Although
a marginally lower yield stress is predicted at both these temperatures, the simulated
mechanical response shows a qualitative comparison with the experiments. This suggests
that the constitutive models and associated parameters were able to capture the underlying
physics of deformation across a range of temperatures. Further, the root mean square error
(RMSE) is given in Table 5.7 to quantify the error between simulation and experimental

results. It is calculated as:

1 (Ceap(®) — e (@)
RMSE = N( paexp(g) ) (5.15)

where 0¢yp(€) and ogim(€) represents the experimental and simulated stress values at
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Experiment Simulation
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FIGURE 5.5: Comparison of the initial and predicted 512 grain deformed textures with

EBSD measurements shown on the Inverse Pole Figure (IPF).
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Experiment Simulation
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15% | 4
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- 45°
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923 K 90O 120 4. 240 360
0 120 4, 240 360

FIGURE 5.6: Comparison of the initial and predicted 512 grain deformed textures with
EBSD measurements, shown using Orientation Distribution Function (ODF) plots.
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strain= €, respectively. N is total number of experimental data points. It can be seen

that except for 723 K, the error is less than 10% for all other cases.

TABLE 5.7: RMSE for simulation and experimental results shown in Figure 5.7.

Temperature (K) 293 523 723 923
RMSE(%) 838 5.69 1236 2.27
(a) (b)
2000 7omr 20000
R 1500F
ot
\2/1000
8
S 500 Exp.]
0 —Sim.
0 0.05 0.1 0.15 0 0.05 0.1 0.15
© @
c
20000 2000 -
SAB00F
o
51000
€ 500 —Exp.
0 ) . —Sim. ) .
0 0.05 0.1 0.15 0 0.05 0.1 0.15
€22 €22

FIGURE 5.7: Comparison of the predicted stress-strain response using a simulation do-

main comprised of 512 grains (with reduced texture) with the corresponding experimental

data at (a) 293 K, (b) 923 K, (c) 523 K, and (d) 723 K, respectively. The model was first

fit to the mechanical response at 293 K and 923 K and then validated by predicting the
same at 523 K and 723 K.

The temperature-dependent contributions to strength of the superalloy from the different
phases are discussed in the following. It should be noted that the initial yield stress and the
flow stress of the superalloy are similar and comparable at all deformation temperatures,
as seen in both experiments and simulations. However, the underlying strengthening
mechanisms are expected to be different. Figure 5.8 shows the 0.2% offset yield strength
of the superalloy, matrix, ’y;, precipitate, and individual 7 as predicted from the simulations
performed at four different temperatures. For these simulations, the same representative
texture was used as for the simulations reported in Figure 5.4. Further, the yield strength
of the “composite” superalloy is also shown in Figure 5.8. As can be seen, the yield strength
of the v and matrix (v + ’y; + 7;) phase decreases marginally with increase in temperature.
This is due to the temperature sensitivity of the flow rule and is qualitatively similar to

conventional metals and alloys, although strengthening due to the 'y; and ’y£ precipitates

does not allow a significant drop in the strength of matrix phase even at higher homologous
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temperatures. On the other hand, the yield strength of fy; phase increases with an increase
in temperature. As a result of this strengthening, the yield strength for the polycrystalline
superalloy shows little or no decrease with an increase in temperature. This is generally
referred to as a yield anomaly in the literature (Westbrooke et al., 2005; Shenoy et al., 2008;
Ranjan et al., 2021) and is attributed to the formation of Kear-Wilsdorf locks. The Critical
Resolved Shear Stress (CRSS) increases as these locks restrict the dislocation motion on
the primary slip plane (Shenoy et al., 2008). This observation motivates the consideration
of non-Schmid deformation in the primary 'y;) precipitates (cf. Equation 5.8), which would
otherwise have demonstrated lower strength at elevated temperatures. It should be noted
that a conventional crystal plasticity model, which does not account for these material-
specific deformation mechanisms, would not be able to predict this anomalous deformation
behavior commonly observed in Ni-based superalloys. Other manifestations of non-Schmid
effects, such as orientation- and temperature-dependent tension-compression asymmetry
Allan (1995); Ghorbanpour et al. (2017); Xu et al. (2023) will be studied using this model

in future work.

1400 T T T
-A Superalloy A= — - A
-A Matrix (y+ 7, + ) _-
LA 7, P
2003 _ 4
= A=
& === A=A - —— A
1000} m A —-—--
wn
>
8
800
A——___,‘____‘_____qA
600 . . . .
293 523 723 923

FIGURE 5.8: Effect of temperature on the predicted yield strength of the superalloy, as

well as matrix (v + v, + 7,), primary 7, Phase and the v phase. The yield strength of

the v phase was predicted by removing the precipitate strengthening contribution in the
model.

The results presented in this section offer qualitative validation of the constitutive model’s
predictive capabilities for the mechanical response during tensile loading over four different
temperatures from 293 K to 923 K. In the following sections, this framework has been used
to simulate EBSD microstructures at room temperature and predict the misorientation

development during deformation.
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5.4.2 Microstructure Evolution during Interrupted Tensile Tests

Interrupted tensile tests were performed on the as-received samples at room temperature.
EBSD scans with an area of (100um x 100 pum) were acquired before the deformation and
at regular intervals of 5 % applied strain during the tensile tests. The corresponding Image
Quality (IQ), Inverse Pole Figure (IPF), and KAM maps after different applied strains
(i.e., 0%, 5%, 10%, and 15%) are shown in Figure 5.9, along with the phase map. The
phase map reveals the presence of three major features of interest in these microstructures,
namely: phase interfaces, annealing twin boundaries, and grain boundaries. The extent of
localized deformation in the vicinity of these features is expected to govern the resistance
to crack initiation in these microstructures. Based on visual inspection, our EBSD results
indicate that at 15 % applied strain, the localizations are much more concentrated at the

grain interiors, especially adjacent to the phase interfaces and annealing twin boundaries.

A majority of these annealing twin boundaries (97%) were observed to be coherent %3
boundaries. The statistics have not been shown here for brevity. The sharp change in ori-
entation of slip systems across the twin boundary may result in the localization of strain
to accommodate incompatible deformation. Another source of misorientation develop-
ment in the grain interior during deformation is due to the 7;, precipitates. In general,
presence of larger ’y]; or more number of ’y; precipitates results in larger heterogeneity in
deformation. This could be attributed to the obstruction of dislocation glide by the 'y}/,
precipitates. Additionally, misorientation localizations are also visible around triple and

quadruple junctions formed between the matrix and the primary ’y;g precipitates.

There have been several studies that focus on the orientation dependence of substructure
evolution during deformation (Zhang et al., 2019b; Prakash et al., 2022; Pai et al., 2022;
Hestroffer et al., 2022). Generally, the softer grains tend to deform more easily and de-
velop more heterogeneities as compared to their hard counterparts. This may lead to the
development of grain interior as well as grain boundary localizations in the soft grains. In
contrast, the localizations are often restricted to the vicinity of grain boundaries in the
hard grains (Mishra et al., 2009; Pai et al., 2022). However, such an effect gets diminished
in the presence of solute atoms/precipitates within the grains, irrespective of the grain ori-
entation. This can be seen in Figure 5.9, where the regions surrounding the 7;3 precipitates

and annealing twins develop more heterogeneities, even within the hard grains.



Chapter 5. Ni-based Superalloy - Heterogeneous Deformation 123

Applied
strain

Tensile |
direction| ) 2%

0%

5%

lE Primary y'% o
Matrix 10 /0

15%

FIGURE 5.9: EBSD measurements from different stages of interrupted tensile deformation

(0%, 5%, 10% and 15% applied strains) showing the Image Quality (IQ), Inverse Pole

Figure (IPF), and Kernel Average Misorientation (KAM) maps. The phase map on the

left shows the X3 Coincidence Site Lattice (CSL) twin boundaries marked with white
lines, while the grain boundaries are marked with black lines.

5.4.3 Representative deformation contours obtained from simulations

EBSD microstructures were used as input for our CPFE simulations. The EBSD scans
were divided into four regions of approximately equal areas of 100um x 100 pm, which were
simulated individually. The microstructures were meshed using 3D hexahedral elements of
size 1 pm and with linear interpolation. The loading and boundary conditions employed
in our 3D CPFE simulations are shown in Figure 5.10. Displacement normal to the x
and y directions was set to zero along the left and bottom faces, respectively. The corner
node common to these two faces was fixed. Displacement-controlled tensile loading at a

! was applied on the top face along the y-direction, while

nominal strain rate of 10™* s~
the x-direction and the out-of-plane z-direction were stress-free. These are representative
of the axisymmetric boundary conditions. The microstructure has been meshed using 2

layers of elements along the depth/thickness direction (z-direction) as shown in the inset
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in Figure 5.10, which also shows the microstructure in terms of the phase map. This is
similar to the 3D simulation methodology used in Hestroffer et al. (2022) for studying

superalloy deformation and misorientation development.
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FIGURE 5.10: Simulation setup and boundary conditions overlaid on the IPF map of
the EBSD microstructure. The inset shows the corresponding phase map, where the gray
color represents the matrix phase and the red color represents the v, precipitates.

Figure 5.11 shows the predicted von Mises effective stress, o, and effective strain, €, con-
tours at 5%, 10%, and 15% applied strains for one of the four simulated microstructures.
The phase map indicating the twin boundaries (white lines) and grain boundaries (black
lines) is also shown in the same figure. Progressive stress and strain localizations are
observed with increasing applied strains. Strain localization in the ’y]; precipitate is com-
paratively lower than that in the matrix, whereas the stress localization is generally higher
in 71’, precipitate. The flow stress in the matrix (y+,+,) is marginally lower than that of
fy}/, precipitates (also see Figure 5.9). Higher plastic deformation in the v phase may have
contributed to higher strain concentration. Generally, strain localization in the matrix
is observed in the vicinity of 'y:; precipitates. This indicates that fy; precipitates might
contribute to crack initiation or damage upon further deformation. This hypothesis will

be explored further in the following sections.

Annealing twin boundaries are microstructural features that are known to play a vital
role in crack initiation for the PM-processed Ni-superalloys (Jiang et al., 2015b; Zhang
et al., 2022b), which depends on the elastic stiffness difference between the parent and
twin grains and also the length of twin boundaries (Stinville et al., 2016). High maximum
Schmid factor (softer grain) along with high twin boundary length and high elastic modulus
difference have been correlated with the strain localizations (and eventual crack initiation)
in the twin and parent grains. Here, strain localizations are observed in the softer grain

and stress localizations in the harder grain between the twin/parent grain pairs (cf. Figure
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Applied strain:

| Primary }’;;
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FIGURE 5.11: Evolution of von Mises effective stress, o, and effective strain, €, with
increasing applied strain. 3 Coincidence Site Lattice (CSL) twin boundaries are marked
with white lines, and grain boundaries are marked with black lines.

5.11). These results qualitatively indicate that the strain localizations near the twin/parent

grain pair are much higher than the strain localization in the proximity of 7;, precipitates.

5.4.4 Comparison of Misorientation Development between Experiments

and Simulations
5.4.4.1 Evolution of KAM Contours with Applied Strain

In order to study the microstructure evolution with deformation, Kernel Average Misori-
entation (KAM) maps are plotted at different applied strains. KAM is the point-to-point
misorientation that represents the average misorientation of a pixel with its immediate
neighbours and is generally used as an indicator for deformation localization. Euler angle
information extracted from the EBSD measurements and crystal plasticity simulations for
each material point was used to calculate KAM using the formulation (Wright et al., 2011,
2016):

KAMC) = Y Agy (9195) (5.16)

where, > Agi; (gig;) indicates the misorientation between a pixel ¢, and its neighbor, j. n
here represents the number of neighbors surrounding a pixel. For a square grid, n takes
the value of 4 in our EBSD scans. Further, we have restricted the maximum intragranular

misorientation to 5°. The local misorientation is known to correlate with the development
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of Geometrically Necessary Dislocations (GNDs) (Pai et al., 2022). While our modeling
framework does not account for GNDs, misorientations are still expected to develop in the

regions of heterogeneous deformation.

Figure 5.12 shows the normalized KAM contours, as obtained from experiments and CPFE
simulations at 5%, 10%, and 15% applied strains. These data points are obtained by
normalizing the KAMs with the maximum value of KAM observed during that respective
stage of the experiment or simulation. Initial Euler angles at ¢ = 0% were obtained from
the EBSD measurements and used as input to our model. These FEuler angles are updated
subsequently at every time step in our CPFE model. We then extract the updated Euler
angles at 5%,10%, and 15% applied strains, respectively, using an open source library,
Sandia Engineering Analysis Code Access System (SEACAS) (Sjaardema, 2017), and plot
the crystallographic orientation-based maps, such as IPF and KAM, using the TSL-OIM

software.

It can be seen that the average KAM increases with applied strain in both the experimen-
tal as well as the simulated microstructure. Local misorientations develop in these het-
erogeneously deforming microstructures due to different grain orientations, and different
microstructure features, such as grain boundaries, twin boundaries, and phase (matrix/ ’y;)
interfaces. The deformation initiates primarily in the softer matrix phase. The harder 'y;)
precipitates do not accommodate any significant strains (cf. € contours at 5% applied
strains in Figure 5.11). This can also be observed by comparing the experimental and
simulated KAM contours (at € = 5%) with the corresponding phase maps in Figure 5.12,
where misorientation localizations are mainly observed near the phase interfaces and twin
boundaries. For easier interpretation, we have represented the phase interfaces by blue

lines and twin boundaries using white lines in Figure 5.12.

As can be seen from the experimental microstructure, misorientations are more concen-
trated in the grain interior in regions adjacent to phase interfaces and twin boundaries
and less at grain boundaries (see regions marked by black arrows). A similar behavior has
also been predicted by our CPFE framework, although the KAM is over-predicted in some
regions. Coarse mesh size could be the primary cause for such discontinuities; a lower
element /step size of the EBSD microstructure would presumably overcome such an issue,
however, leading to higher computational costs. As the deformation progresses, these
localizations intensify, especially those along the twins and twin-grain boundary intersec-
tions. This can be attributed to the variation in elastic stiffness between the twin/parent

grain pairs. Further, no notable misorientation localizations are still observed in the 'y;)
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precipitates, though the localization is higher in the matrix near these precipitates. Simi-
lar to the strain localization, higher KAM localization is found to occur on the softer side
of the twin and parent grain pair (twin boundaries are represented by white lines) in the

predictions.

In general, the favourably oriented grains in the vicinity of primary 'y;) precipitates and
twin boundaries undergo higher deformation, and thus display more localizations. Fur-
ther investigation reveals the presence of grain clusters (see markers A-D in Figure 5.12),
which show similar deformation behavior between the experiments and simulations. For
example, the localizations developing at the twin-grain boundary intersections (see marker
C) are well predicted by our modeling framework. The maximum KAM observed in ex-
periments is 3.21° (at the twin-grain boundary intersection (marker C)), which is similar
to our predictions, 2.89° at the same location. Additionally, we have also marked grains
whose average intragranular KAM is comparable between experiments and simulations

(see markers A-B).

To further explore the effect of misorientation development along the annealing twin
boundaries, we analyse the deviation of these twin boundaries from the ideal CSL relation-
ship, i.e., ¥3 =< 111 > 60° Kronberg and Wilson (1949). Brandon’s criterion defines a
tolerance within which these special/CSL boundaries exist Brandon (1966). In the present
study, we have calculated the tolerance using the equation: k/¥", where k = 15° (rep-
resents the transition from low angle to high angle grain boundary) and n = 1/2. The
deviation from ideal CSL (in degrees), along with their standard deviation, has been noted
in Table 5.8. With increasing applied strains, the deviation increases for both experiment
(2.74 £ 1.84° at € = 5% to 4.10 £ 2.29° at € = 15%) as well as simulation (2.46 £ 2.26°
at € = 5% to 4.94 £ 2.12° at € = 15%). This is expected, since crystallites on both sides
of the twin boundaries would rotate to accommodate the applied deformation, resulting
in deviation from the ideal < 111 > 60° relationship Hestroffer et al. (2022). However,
the magnitude of change in the simulation is, to some extent, larger in comparison to our
experimental results. This is in coherence with our earlier reported misorientation data,
where we observe that our simulations over-predict the misorientations as compared to
the experiments. The same contributed to a higher deviation from ideal CSL in the sim-
ulations. Nonetheless, our results do indicate that the proposed numerical framework has
qualitatively captured the deformation characteristics and misorientation development in

the vicinity of annealing twin boundaries.

However, the model does exhibit some discrepancies; the simulated KAM varies signifi-

cantly in comparison to its experimental counterparts (especially) in the vicinity of a 'y;)
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TABLE 5.8: Deviation from ideal CSL relationship (£3 =< 111 > 60°) for annealing
twins in the deformed microstructures.

Deviation from X3 (°)

€ Experiment Simulation
0% 1.53 +£1.20 1.53 +£1.20
5% 2.74+1.84 2.46 + 2.26
10% 3.40 £ 2.00 3.96 + 2.06
15% 4.10 +2.29 4.944+2.12

precipitate (see markers E-G). Also, KAM accumulates in both twin and parent grains
in the simulations. KAM accumulation is higher at grain boundaries than grain inte-
rior for some grains in the simulations. This can be attributed to two specific reasons.
Firstly, the model does not account for the effect of strain gradients and can lead to an
underestimation of deformation heterogeneities. It has been shown that the misorienta-
tion development in the vicinity of microstructure heterogeneities may be better predicted
using strain gradient plasticity models (Pai et al., 2022), even in superalloys with rela-
tively simple constitutive models for strengthening (Zhang et al., 2014; Bergsmo et al.,
2022). Secondly, the simulation domain comprised of only two layers of elements along
the thickness, which may have contributed to overestimating the localizations. The pre-
diction accuracy may be increased by considering more number of elements along the
thickness (Lim et al., 2014, 2015), although at higher computational costs. Nonetheless,
there is qualitative concurrence between the simulated and experimental contour maps of
normalized KAM.

5.4.4.2 Statistics of Misorientation Development at Different Microstructural

Features

As discussed earlier, crack initiation and micro-crack propagation are expected to be in-
fluenced by various grain-scale microstructural features, such as twin boundaries, grain
boundaries, and phase (matrix/ ’y;,) interfaces. While the role of the former in failure has
been studied extensively (Stinville et al., 2015; Charpagne et al., 2021; Hestroffer et al.,
2022), there is limited evidence in the literature to suggest that phase interfaces may also
be contributing to failure in these PM processed superalloys (Flageolet et al., 2005; Jiang
et al., 2015a). In order to explore this further, we have studied the competitive misorien-
tation developments at these three features (grain boundaries, twin boundaries, and phase
interfaces) in terms of the distribution of KAM from the experimental and simulated mi-

crostructures at different applied strains. These are plotted in Figure 5.13 in terms of
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FI1GURE 5.12: Normalized KAM contours at different stages of deformation as predicted

using the crystal plasticity model and comparison with the experimental contours. ¥3

Coincidence Site Lattice (CSL) twin boundaries are marked with white lines, phase in-

terfaces are marked with blue lines, and grain boundaries are marked with black lines.

Markers (A-D) represent grains whose average intragranular KAMs are comparable with

the experiments, and markers (E-G) represent grains showing discrepancies with experi-
mental results.

the number fraction of the pixels belonging to the respective features. KAM values were
extracted at grain boundaries and phase interfaces directly from the TSL-EDX EBSD sys-
tem, while an in-house MATLAB code was developed to extract the KAM values at the
twin boundaries. Broadly speaking, microstructural features with a higher spread of KAM

distribution may be correlated with a higher propensity of crack nucleation/propagation.

The spread of KAM values increases with an increase in applied strain for experimental and
as well as simulated microstructures (see Figure 5.13). This is for the same microstructure
as shown in Figure 5.12. The spread in the KAM histogram is roughly similar for 10%
and 15% applied strain for both experiments and simulations. At 5% applied strain, the

simulations predict a slightly higher spread as compared to the experiments. This might
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be due to higher misorientation developments (in the microstructure discussed above) at

the grain interior than at grain/phase/twin boundaries.
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F1GURE 5.13: KAM distribution at different applied strains extracted for the grain

boundaries, twin boundaries, and phase interfaces from experiments and simulations,

and comparison of simulated KAM distributions for the grain boundaries, twin bound-

aries, and phase interfaces with the experimental data at 5% and 15 % applied strains.
Note that the scales are different in each of the plots.

The histograms from the simulated and experimental microstructures were plotted to-
gether in Figure 5.13. This figure also shows the comparison of the simulated KAM distri-
butions at 5% and 15% applied strain with the corresponding experimental results for the
grain boundaries, twin boundaries, and phase interfaces. While simulations predict a lower
spread in the KAM histograms at 5% applied strain, simulation predictions are compara-
ble with the experimental counterparts at higher applied strain (15 %). This implies that
CPFE simulations are not able to capture local point-to-point misorientations accurately,
but they can statistically predict misorientation evaluation at various microstructural fea-
tures. As mentioned earlier, a strain gradient plasticity model is perhaps better suited

for capturing the local KAM evolution. In the absence of strain gradient plasticity, the
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grain interior may show higher relative deformation (as compared to the grain/phase/twin
boundary) in order to accommodate the imposed deformation. Nonetheless, the model
predicts qualitatively comparable trends of misorientation development at 15 % applied
strain with respect to the experiments. These results highlight the capability of the CPFE
framework for predicting heterogeneous deformation characteristics in these superalloy

microstructures.

Finally, data has been collected from four different EBSD microstructures of area 100um X
100 pm to identify the competing role of these microstructural features on heterogeneous
deformation. Deformation contours and KAM distributions from the three additional

microstructures are given in Figures 5.14, 5.17, 5.20, 5.15, 5.18, and 5.21.

Using a similar exercise as earlier, combined data from all four microstructures are plot-
ted in terms of the KAM distributions for these three microstructural features after 15%
strain in Figure 5.23. Note that the number fraction is with respect to the number of
pixels belonging to a particular microstructural feature/number of elements in the mi-
crostructure. It can clearly be seen that the spread of KAM distribution is higher at twin
boundaries, as compared to the grain boundaries and phase interfaces, for both the exper-
imental and simulated microstructures. Further, the KAM at phase interfaces and grain
boundaries is observed to have a qualitatively similar distribution, with lower spread, from

both experiments and simulations, for the combined data from four microstructures.

These results indicate that twin boundaries have a higher propensity for heterogeneous
deformation and strain localization (and potentially failure initiation), as compared to
the phase interfaces or grain boundaries. While short crack initiation has indeed been
observed at the matrix/vl; interfaces by Flageolet et al. (2005), competitive deformation
between phase interfaces and twin boundaries was not studied in detail. Our observations
could be explained based on the fact that there is a higher fraction of points with high
misorientation at the twin boundaries in the initial (undeformed) microstructures than at

the phase interfaces or grain boundaries (cf. Figure 5.13).

5.5 Discussion

Development of a crystal plasticity constitutive modeling framework, which can predict
the mechanical response across a range of deformation temperatures, as well as the mi-
crostructure evolution, is the novel contribution of this work. The model is “experimentally

informed” in the sense that microstructural information (precipitate sizes and grain sizes,
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F1GURE 5.14: Normalized KAM contours at different stages of deformation as predicted
using the crystal plasticity model and comparison with the experimental contours for
Microstructure-2.
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FIGURE 5.15: KAM distribution at different applied strains extracted for the grain
boundaries, twin boundaries, and phase interfaces from experiments and simulations for
Microstructure-2. Note that the scales are different in each of the plots.
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FIGURE 5.16: Comparison of simulated KAM distributions for the grain boundaries, twin
boundaries, and phase interfaces with the experimental data at 5% and 15 % applied
strains for Microstructure-2. Note that the scales are different in each of the plots.

texture, and most importantly, the solute concentrations) extracted from the experimen-
tal measurements across different length scales is directly used in the constitutive model
for predicting the material’s response. Further, based on the experimentally observed
microstructure, we have explicitly considered ’y; precipitates, along with appropriate con-
stitutive models, in our simulations. To the best of our knowledge, prior studies in the
literature have not considered this. The methodology adopted here highlights the poten-
tial for synergistic experiments and simulations to elucidate deformation mechanisms and
pathways in Ni-based superalloys. There are several studies accounting for deformation
mechanisms such as non-Schmid effects, temperature- and APB energy-dependent CRSS
for single crystal superalloys (Tinga et al., 2009b; Keshavarz et al., 2016; Ranjan et al.,
2021). However, there are only a few such studies (Shenoy et al., 2008; Weber and Ghosh,
2016; Ghorbanpour et al., 2017) for polycrystalline superalloys. We have advanced this line
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F1GURE 5.17: Normalized KAM contours at different stages of deformation as predicted
using the crystal plasticity model and comparison with the experimental contours for

Microstructure-3.



Chapter 5. Ni-based Superalloy - Heterogeneous Deformation 135

Grain Boundary Twin Boundary Phase Interface
0.2 0.3
@ 0.2
g 025
HE g g
LIt T 02 € 015
E|: : :
= = = 015 5 04
|2 e =
HE £ v 5
> 0.05
&% Z o0s z
0 0
o 1 2 3 4 5 0 1 2 3 4 5 0 1 2 3 4 5
KAM(A0") KAM(A#) KAM(A0)
0.2
— 07
= 3 3
ik & &
— | = ;.
1% v 1
=12 2 £
=1E E g
= i}
AR 4 z
[ 1 2 3 4 5 0 1 2 3 4 5 0 1 2 3 4 5
KAM(A) KAM(AG) KAM(AG)

FIGURE 5.18: KAM distribution at different applied strains extracted for the grain
boundaries, twin boundaries, and phase interfaces from experiments and simulations for
Microstructure-3. Note that the scales are different in each of the plots.
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FIGURE 5.19: Comparison of simulated KAM distributions for the grain boundaries, twin
boundaries, and phase interfaces with the experimental data at 5% and 15 % applied
strains for Microstructure-3. Note that the scales are different in each of the plots.

of study by considering the above-mentioned deformation mechanisms in polycrystalline
superalloys and predicting the deformation behavior and texture evolution across a range
of temperatures. Further, while there are several crystal plasticity studies in the literature
which have predicted and compared misorientations with experimental measurements for
Ni-based superalloys (cf. Section 5.1), the competitive role of different microstructural
features, especially primary fy;, precipitates, has not been studied in great detail. A sta-
tistical study of the same across different microstructures is another novel contribution of

our work.

The constitutive model has one shortcoming in that it is not able to accurately predict the
stress-strain response at room temperature. Deviation from a non-monotonic hardening

behavior in the room temperature experimental response could be due to the transition
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F1GURE 5.20: Normalized KAM contours at different stages of deformation as predicted
using the crystal plasticity model and comparison with the experimental contours for
Microstructure-4.
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F1GURE 5.21: KAM distribution at different applied strains extracted for the grain
boundaries, twin boundaries, and phase interfaces from experiments and simulations for
Microstructure-4. Note that the scales are different in each of the plots.
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FIGURE 5.22: Comparison of simulated KAM distributions for the grain boundaries, twin
boundaries, and phase interfaces with the experimental data at 5% and 15 % applied
strains for Microstructure-4. Note that the scales are different in each of the plots.

from single slip to double slip following initial yield. Such a non-monotonic hardening
behavior has been attributed to the ‘recovery of strain hardening rate’ phenomenon in
Nickel-Silicon alloys (Yang et al., 2015) and could potentially be active here as well. Rapid
activation of secondary slip systems results in a sharp decrease in the dislocation mean free
path subsequent to the initial yield. This is also similar to the strain hardening phenomena
commonly observed during single crystal deformation (Dieter, 1988). This phenomenon
needs to be addressed in future work. Nonetheless, it should be noted that the model
predicts the initial yield stress as well as the flow stress at 15% applied strain accurately
at room temperature. Hence, the misorientation predictions at 15% applied strain, which
are used for comparison with experiments, are not expected to be influenced significantly
by this shortcoming. Further, the model predictions are in reasonable agreement with the

experimental stress-strain response at other deformation temperatures (cf. Figure 5.7).
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FIGURE 5.23: KAM distributions at grain boundaries (GB), twin boundaries (TB), and

phase interfaces (PI) from experiments and simulations for data collected from four dif-

ferent microstructures after 15% applied strain. Individual data for the remaining three
microstructures are given in the Supplementary Material.

On the same note, the model predicts the strengths of the individual phases at the dif-
ferent deformation temperatures in Figure 5.8. As mentioned earlier, this non-monotonic
strengthening in the 'y;, phase is generally attributed to the anomalous hardening due
to KW lock formation. A qualitatively similar behavior has also been recently reported
using high-temperature nanoindentation experiments for single-phase Ni-based superal-
loys Ruzic et al. (2021) and also studied extensively using theoretical models Kozar et al.
(2009); Wu et al. (2023). Phase-mapped high-throughput nanoindentation Basu et al.
(2023) at elevated temperatures may be used to further validate these model predictions

in future work.

5.6 Conclusions

A physically based crystal plasticity constitutive modeling framework was developed for
simulating the temperature-dependent tensile deformation of polycrystalline Ni-based su-
peralloys. The framework accounts for the individual deformation of the matrix (v with
embedded ’y; and 7,; precipitates) and primary 7}/, phases and their effect on the overall
deformation. The concentration of solute atoms present in the matrix and primary ’y];
phases is obtained from the EDS characterization of the experimental microstructures.
These concentration values and the EBSD microstructures served as input to the crystal

plasticity model. Interrupted tensile testing was performed using the SEM and EBSD
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to understand microstructure evolution during deformation. These deformed microstruc-
tures were correlated with the simulated EBSD microstructures to identify regions of local

misorientation development.

The strength of the superalloy does not reduce noticeably even at elevated deformation
temperatures, up to 923 K, as observed from both experiments and the model predictions.
This can be attributed to the anomalous deformation behavior of the 7l precipitates,
as considered appropriately in our constitutive model. Simulated KAM prediction at
different microstructural features (grain boundaries, annealing twin boundaries, and phase
interfaces) is qualitatively comparable with experiments at higher applied strain (15 %),
which validates the model predictions. KAM localization is higher at the twin boundaries
as compared to the phase interfaces and grain boundaries. These twin boundaries may be
expected to have a higher propensity for heterogeneous deformation (and eventual failure)
in the PM processed superalloys, as also found in the literature. Analysis of the competitive
misorientation distribution at these microstructural features suggests that this could be
due to the fact that the initial (undeformed) microstructures themselves have higher KAM

at the twin boundaries as compared to the phase interfaces or grain boundaries.

The results presented in this work highlight the value of synergistic modeling and exper-
iments for elucidating the competitive, microstructure-sensitive deformation mechanisms
operative in polycrystalline Ni-based superalloys and their effect on the local and aggregate

deformation behavior. This is the novelty of the present work.



Chapter 6

Modeling Cyclic Deformation of
Polycrystalline Ni-based
Superalloys

6.1 Introduction

Polycrystalline Ni-based superalloys are used in rotating aero-engine turbine disks. These
superalloys are commonly manufactured by PM and exhibit superior mechanical properties
at elevated temperatures, such as higher strength, creep, and fatigue resistance properties,
as compared to their cast and wrought counterparts (Reed, 2008; Zhang et al., 2022b).
Turbine disks undergo complex loading, such as thermal and mechanical cyclic loading,
due to exposure to harsh environments during service conditions (Agaram et al., 2021;
Zhang et al., 2022b). LCF failure is generally a critical issue that restricts the service life

of the aero-engine components.

The LCF behavior of Ni-based superalloys has been explored in several studies (Stoltz
and Pineau, 1978; Lerch and Gerold, 1987; Sundararaman et al., 1989; Mercer et al., 1999;
Risbet et al., 2001; Dunne et al., 2007; Reed, 2009; Zhong et al., 2012; Phillips et al., 2013;
Qin et al., 2015; Liu et al., 2018; Wang et al., 2019b; Cui et al., 2020; Barat et al., 2022;
Zhang et al., 2022b). However, the majority of these studies focus on understanding the
mechanisms of fatigue crack initiation and propagation, rather than the physics of mi-

crostructure evolution during cyclic deformation and macroscopic stress-strain response.

1Signiﬁcant parts of this chapter have been published in Chaudhary et al. (2025).

140
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The primary contributions to the strength of these alloys are due to the interactions of
glide dislocations with 7/ precipitates, which manifest in the form of strong-pair coupling,
weak-pair coupling, and anomalous hardening due to cross slip from the {111} planes to
{001} planes (Chan, 2021). Initial cyclic hardening in these alloys is generally the result
of work hardening as the dislocation density increases with the number of cycles (Phillips
et al., 2010). However, depending on the alloy, the initial cyclic hardening may or may
not be present (Singh et al., 1991; Ye et al., 2004; Wei et al., 2013; Zhang et al., 2015b;
Klotz et al., 2017; Jiang et al., 2021; Sun et al., 2021). More importantly, a commonly ob-
served phenomenon in these precipitate-strengthened alloys is regarding cyclic softening,
which refers to the reduction in stress amplitude with the number of cycles (Sundarara-
man et al., 1989; Singh et al., 1991; Xiao et al., 2008; Phillips et al., 2010; Prasad et al.,
2013; Leén-Cézares et al., 2020b). The physical mechanism for cyclic softening is generally
attributed to the shearing of the precipitates due to the interaction between dislocations
and precipitates (Xiao et al., 2008; Agaram et al., 2021). The to-and-fro motion of disloca-
tions in the matrix and dislocation pairs in the precipitates leads to the gradual shearing
of the precipitates during fully reversed cyclic loading (Yashiro et al., 2006; Xiao et al.,
2008; Leon-Céazares et al., 2020a; Agaram et al., 2021). The size of the precipitates re-
duces after each cycle, until they no longer offer resistance to dislocation glide (Agaram
et al., 2021). Due to the reduction in size of the precipitates, their contribution to the
strengthening decreases and manifests in the reduction in the peak stress. It should also
be mentioned that generally, there are three types of precipitates in the PM processed
superalloys. Primary 7]; precipitates are micron-sized, while the cuboidal secondary 'y;
and tertiary fy; precipitates are distributed within the « phase. The size of the secondary
fy; and tertiary 72 precipitates lies in the range of 200-300 nm and 10-30 nm, respectively
(Jiang et al., 2015a, 2021; Chaudhary et al., 2023). Depending on their size, the underlying

strengthening mechanisms may vary.

Experimental studies have reported cyclic softening in superalloys for the past several
decades. Merrick Merrick (1974) observed cyclic softening in three wrought nickel-based
superalloys, Waspaloy, alloy 718, and alloy 901 at ambient and elevated temperatures,
and attributed the observed fatigue softening to shearing and subsequent dissolution of
the primary, 'y;), and secondary, 'y;, precipitates. Further, the effect of the size of the 7;
precipitates on the cyclic response was measured by Stoltz and Pineau Stoltz and Pineau
(1978). Cyclic hardening followed by saturation was observed due to dislocation looping
for the precipitates with size greater than 25 nm, while cyclic softening due to shearing
of smaller precipitates was observed for the samples with smaller precipitate sizes (&

8 nm) Stoltz and Pineau (1978). Sundara Raman et al. Sundararaman et al. (1989)
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observed 7/ precipitate-free deformation band using TEM analysis and concluded that a
localized and repeated shearing of precipitates on {111} planes results in the dissolution
of ' precipitates. Further, cyclic softening due to the shearing of fine 7 precipitates was
also reported in subsequent studies on Waspaloy Lerch et al. (1984), Nimonic 90 Raman
and Padmanabhan (1994), Nimonic PE16 Singh et al. (1991), Inconel 718 Kumar et al.
(2024) and other polycrystalline nickel-based superalloys Zhang et al. (2015b).

Several crystal plasticity modeling frameworks have been developed for studying the cyclic
deformation of Ni-based superalloys (Shenoy, 2006; Shenoy et al., 2008; Cruzado et al.,
2017, 2018; Bandyopadhyay and Sangid, 2019; Sun and Yuan, 2019; Le6én-Céazares et al.,
2020a; Agaram et al., 2021; Eghtesad and Knezevic, 2021; Zhang and Yuan, 2022; le Grav-
erend, 2023). A phenomenological Voce-type softening model, without explicit consider-
ation for precipitate shearing, has been employed by Cruzado et al. (Cruzado et al.,
2017, 2018). Sun and Yang (Sun and Yuan, 2019) have modified the constitutive equation
within the Ohno-Wang cyclic plasticity framework to capture the cyclic hardening/soft-
ening behavior of Inconel 718. Zhang et al. (Zhang and Yuan, 2022) adopted the crystal
plasticity model by Sun and Yang (Sun and Yuan, 2019) to predict the low-cycle fatigue
behavior of the laser-melting processed Ni-based superalloy. A phenomenological model
for cyclic softening has also been proposed for Inconel 718 by Le Graverend (le Graverend,
2023). Further, cyclic hardening and subsequent softening of Ni-based superalloys have
been modeled using visco-plastic constitutive models in several studies (Cornet et al., 2011;
Brommesson et al., 2016; Cao et al., 2021; Sun et al., 2022). The Prandtl operator ap-
proach has been used by Bartosak et al. (Bartosék et al., 2022) for strain range-dependent
cyclic softening. In order to accurately predict cyclic softening with the number of cycles,
a new numerical approach of the non-unified constitutive model has been implemented by
Cheng et al. Cheng et al. (2021). Chan et al. (Chan, 2021) have developed a physics-based
constitutive model for shearing of precipitates and bowing of dislocations to capture the
cyclic softening of various wrought Ni-based superalloys at room temperature and further
extended the model for high-temperature fatigue behavior (Chan, 2023). However, these
approaches are generally phenomenological and do not account for the underlying physics
of deformation. To the best of our knowledge, the micromechanics of precipitate shear-
ing has only been considered in (Ledn-Cazares et al., 2020a; Agaram et al., 2021; Kumar
et al., 2024) by accounting for the evolution of precipitate size during cyclic deformation
and their corresponding contribution to the strength. Agaram et al. (Agaram et al., 2021)
have also implemented their proposed model in a crystal plasticity modeling framework.

These models are able to predict the drop in peak stress during cyclic loading, following
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the initial cyclic hardening. However, these models do not have consideration for differ-
ent precipitate shapes. The ’yl precipitates in Ni-based superalloys may be non-spherical,
for example, cuboidal in shape (Chaudhary et al., 2023). Further, the interaction with
glide dislocations has not been explicitly considered in these models. In the present work,
we propose an alternative micromechanical model for precipitate shearing and precipitate
size evolution during cyclic deformation, with appropriate geometrical and mechanistic

considerations for different types of precipitate shapes and sizes.

The present work develops and implements constitutive models for microstructure evolu-
tion during cyclic deformation of Ni-based superalloys, specifically in terms of the back-
stress evolution (contributing to cyclic hardening) and the fy/ precipitate shearing due to its
interaction with mobile dislocations (contributing to cyclic softening). These models have
been implemented in a previously developed dislocation density-based crystal plasticity
finite element framework (Chaudhary et al., 2023) that was earlier used for predicting the
temperature-dependent tensile response of polycrystalline Ni-based superalloys. The crys-
tal plasticity model considers the individual deformation of the matrix (cuboidal-shaped
homogenized fy; and 72 precipitates in the 7 phase) and primary 7; precipitates, solute
solution strengthening, dislocation strengthening and grain size strengthening. The model
has been used to predict the macroscopic stress-strain response during cyclic deforma-
tion, especially in terms of the peak stress evolution for two different superalloys, with
different initial microstructures having different precipitate sizes, shapes, and volume frac-
tions. This highlights the capability of the microstructure-sensitive model for predicting

the cyclic deformation and softening behavior of polycrystalline Ni-based superalloys.

6.2 Crystal Plasticity Framework

The crystal plasticity modeling framework is based on our prior work (Chaudhary et al.,
2023) and is summarized briefly in the following. This microstructure-sensitive model can
account for the individual deformation of the matrix (homogenized 'y; and fy,; precipitates
in the v phase) and primary 'yz’) phases to study the heterogeneous deformation behavior
of polycrystalline Ni-based superalloys. The micron-sized primary 7]; precipitates may be
formed during the PM processing and have a non-negligible volume fraction (Chaudhary
et al., 2023). The secondary, 7;, and tertiary, 7;, precipitates are generally nanometer-sized
(Chaudhary et al., 2023) and contribute to the overall strengthening of the matrix. The
dominant strengthening mechanisms considered in the framework are: (a) solute solution

strengthening, (b) dislocation strengthening, (c) strengthening due to secondary +, and
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tertiary 72 precipitates present in the matrix () phase, (d) grain size strengthening, and
(e) dislocation strengthening. For substructure evolution, we consider the evolution of
the mobile, p% , and immobile, p', dislocation densities (o denotes the slip system). The
model takes as input microstructural features such as solute concentrations, precipitate
sizes, and volume fractions directly from experimental microstructure characterization to
predict their effect on the mechanical properties. In the present work, we extend this
framework by considering the slip system-level backstress evolution and microstructure

evolution (precipitate shearing) during cyclic deformation to predict cyclic softening.

The crystal plasticity constitutive equations for the strengthening mechanisms mentioned
above are given in Table 6.1. The crystal plasticity framework assumes the multiplicative
dissociation of the finite deformation gradient, F', into the elastic, F'¢ and inelastic, F*
parts, i.e., F' = F¢.F*® Asaro and Rice (1977). The elastic part of the deformation gradient
is related to the elastic Green strain tensor as, E€ as, E¢ = 1/2 (FET - F€ — I). The
second Piola-Kirchoff stress is given as, § = Ceyy : E¢, where Cey¢ denotes the effective
elasticity tensor. Further, the Cauchy stress, o, is given as, S = det (F'¢) Fe .o Fe " in
the current configuration. The elasticity tensor for the matrix (secondary 7; and tertiary

’yi precipitates in v phase) and the primary ’y}/) are given as (Ranjan et al., 2021):

((1 —Jy f%) CYH1+ <f7; + f%) C’,Z‘y];kl_1>71 s matriz

ikl 7
Cj, e

CiM — (6.1)

P

where, the anisotropic elasticity tensor in the v and precipitate (’y;) phase are represented
by C¥k and C;;jkl, respectively. Further, f%/), fv; and f% are the volume fractions of
the primary, secondary and tertiary ~ precipitates, respectively. The inelastic velocity
gradient, L* is given as, F* = L*-F%and L* is modeled as the tensor sum of crystallographic

shearing rate over all possible deformation systems, i.e.,
ZNS ye PN a. tri
a=17"8y ® my;matrix

Li

Np .o a. A (62)
Dam1 7780 ® Mg,

Here, m§ and s represent unit vectors along the slip plane normal and the slip direction
in the reference (and intermediate) configuration, respectively. The total number of slip
systems in the matrix is Ny, considering 12 octahedral {111} < 110 > slip systems, and the
total number of slip systems in the 4" phase is Np, considering 12 octahedral {111} < 110 >
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(67

slip systems and 6 cube {001} < 110 > slip systems. The inelastic shearing rate, 4%, is
represented as a function of the driving stress for dislocation glide and internal state
variables (ISVs) on slip system «. Given that primary 'y;) precipitates are not present in

Alloy 2, the relevant terms are neglected in the above equations for the same.

Dislocation glide is modeled using a Kocks-type thermally activated model Kocks et al.
(1975) as given in Equation 6.3. The driving stress for dislocation glide is a function of
the Schmid stresses and is given by Equation 6.4. The resistance to dislocation glide due
to the long-range stress fields is represented by the athermal slip resistance, s& (Equa-
tion 6.5). It considers the contribution from different dominant mechanisms: the APB
energy-dependent resistance, Hall-Petch effect, dislocation-based Taylor hardening, and
precipitate strengthening due to 7, precipitates. The contribution of the deformation
mechanism depends on the phase and type of slip system. Further, solute solution strength-
ening is a dominant mechanism contributing to thermal slip resistance, s§* (Equation 6.7).
This takes the concentration of different elements for matrix and primary 'yll, precipitates.
The strengthening coefficients for different alloying elements contributing to solid solution

strengthening in nickel have been taken from the literature (Roth et al., 1997).

Constitutive equations for the evolution of mobile dislocation density, p?(/[j (Equation 6.8)
evolves by multiplication of dislocation at pre-existing segments, the annihilation of dislo-
cation dipoles, and trapping of the dislocations at other dislocation segments while immo-
bile dislocation density, p7; (Equation 6.9) evolves with trapped mobile dislocations and

annihilation of dislocations by dynamic recovery.

These constitutive equations are summarized in Table 6.1.
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As will be shown later, the evolution of precipitate strengthening is one of the main
mechanisms contributing to the strengthening and eventual cyclic softening predicted by
our model. Here we provide a brief description of the same, while referring the reader
to Ref. (Chaudhary et al., 2023) for a more detailed description of the crystal plasticity

constitutive equations.

6.2.1 Precipitate Strengthening

The crystal plasticity model considers slip system-level strengthening due to precipitates

on slip system «, which is of the form:

Toe = D MAn(Te, 4, Topi)y i € Ve W (6.10)
i
where 7g, ; represents the strengthening due to strong pair coupling and 75, ;

the strengthening due to weak pair coupling, and ¢ represents the type of precipitate

represents

(secondary or tertiary). Depending on their size, d;, the strengthening due to precipitates
may be either due to the strongly or the weakly coupled dislocation pair contribution,
whichever offers lower resistance (Kozar et al., 2009; Collins and Stone, 2014). When the
size of the precipitate is larger than a threshold size, dg, strengthening due to strong-pair

coupling, 7 ., is expected and this contribution decreases with increase in the precipitate

sp,i?

size according to (Collins and Stone, 2014):

1
1 Gjbj 1 wd;YAPB 2 0 - o
where, G is the shear modulus, b; is the Burgers vector magnitude, f; is the volume
fraction of the precipitate, vapp is the APB energy per unit area, and w is the elastic
repulsion between the paired dislocations. For smaller-sized precipitates, strengthening

due to weak-pair coupling, 7 ., occurs and decreases with a decrease in precipitate size

wp,i?

according to (Collins and Stone, 2014):

3 1
A (yape\? (2difi\* 1 (~arB 0 . 1
e - = 7 dz d', 5 12
Twp,l 9 ( bj ) Gj bj 2 bj f < il € Vss Mt (6 )

where, A is a geometric factor. Here, d? is the threshold precipitate size and can be

interpreted as the precipitate size at which the strengthening due to strong-pair coupling
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and weak-pair coupling becomes equal, i.e.,
d = d; for 75, = 0, (6.13)

The same strengthening models may be applied to both secondary, 'y;, and tertiary, ’y;,
precipitates, and the subscript 7 is used to denote the same, i.e., i € 7;, yé. The strength
contributions due to these individual mechanisms are shown schematically in Figure 6.1,
along with the threshold precipitate size, d?, at which the transition occurs from strong
pair coupling to weak pair coupling. Note that we have assumed model parameters based

on the values presented later in Table 6.5 for the plots in Figure 6.1.

Note that in this mean field strengthening model, the contribution of precipitates to the
strengthening of the matrix is considered in a homogenized sense, and individual interac-
tions between dislocations and precipitates are not considered in this continuum model.
Such individual interactions could perhaps be considered in lower-scale models, such as
discrete dislocation dynamics models. Further, this is a local crystal plasticity model that
does not consider size effects due to strain gradient effects (such effects could arise in the

immediate vicinity of matrix-precipitate interfaces).

400
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= 200}
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FIGURE 6.1: Contribution of precipitate strengthening, 7, due to strong pair, 75

and
p’
weak pair, 7, coupling as a function of the precipitate size, using f; = 0.41 and the

material parameters provided in Table 6.5.

6.2.2 Backstress Evolution

Backstresses are expected to develop during cyclic deformation and contribute to direc-
tional hardening. In the present work, we have used the slip system-level backstress
evolution model given in (Shenoy, 2006; Chaudhary et al., 2022), which is based on an

Armstrong-Frederick type kinematic hardening model, and is a function of the total slip
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system level dislocation density, p* = pyy, + p', i.e.,

;o € oct,cube, j € matrix,’y;, (6.14)

X§ = (%Gjbj\/gsgn (Tf - X?) + ""ﬁﬂ?) W

Here, G represents the shear modulus, b; represents the Burgers vector magnitude for

«
x1

represents the directional hardening due to the accumulation /pile up of dislocations, while

deformation mode j, and k¥;, ko are material constants. The first term in this model

the second term represents a recovery term similar to an Armstrong-Frederick model.

6.2.3 Precipitate Shearing

Precipitate shearing due to dislocation-precipitate interactions is assumed to be the pri-
mary contributor to the experimentally observed cyclic softening. As will be discussed
later, our experimental microstructure investigation reveals that the fy; precipitates are
sheared during cyclic deformation in a representative superalloy. As discussed earlier (cf.

Section 6.1), there have been several experimental studies also reporting the same.

Prior studies (Differt et al., 1987; Agaram et al., 2021) have proposed that glide dislocations
shear the precipitates during either phase (tension or compression) of the cyclic loading,
leaving an irreversible shift between the upper and lower halves of the precipitates. This
could be caused due to the annihilation, trapping, or cross-slip of dislocations onto other
planes during reverse loading, thus leaving a permanent shift between the upper and lower
halves of the precipitates. Repeated shearing may cause the precipitates to be cut into

several smaller volumes.

In the present work, we propose a constitutive model as a mean field approximation of this
physical mechanism, which tracks the volume number density, N 4 and size, dv" of the
precipitates based on their interaction with mobile dislocations and enforces conservation
of the volume fraction of the precipitates. This constitutive model for precipitate shearing
is adapted from the defect annihilation model proposed earlier Patra and McDowell (2013,
2016) for the annihilation of irradiation-induced defects by mobile dislocations. Recently,
Kumar et al. (Kumar et al., 2024) have also developed similar models in a macroplasticity

framework for precipitate shearing in Ni-based superalloys.

The schematic of the dislocation shearing the precipitates of different shapes is shown in
Figure 6.2. The initial configuration in Figure 6.2(a) shows the unsheared precipitates. In
Figure 6.2(b), glide dislocations interact with the precipitates and shear them, eventually

leading to the formation of distinct "smaller" precipitates in Figure 6.2(c).
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L
=7
(b)

FIGURE 6.2: Schematic of precipitate shearing showing (a) initial configuration, (b)
dislocation shearing the precipitate, and (c) sheared precipitates for precipitates with
different shapes.
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We define p. as the areal density of the precipitates, such that
Py = GaN,y’d,y' (6.15)

where, er denotes the volume number density and d,yr denotes the precipitate size. G, is
the areal geometric factor and G, = 4 for cuboidal precipitates and G, = 7 for spherical
precipitates. The rate of evolution of the areal density of the precipitates is modeled as
a function of Py and the interacting mobile dislocation density, pf,, summed over all slip
systems (Patra and McDowell, 2013), i.e.,

(6.16)

e
’Yj,cyclic

2, (py) (o)
where, Rgny is the capture radius for precipitate annihilation and is representative of the
distance from the dislocation core within which precipitates may be annihilated, ¢ is the
exponent of areal density of the precipitates such that the product of the areal density
term and mobile dislocation density term on the right hand side of Equation 6.16 has the
units of areal density of the precipitates. Both R, and c are model parameters estimated
by calibrating the model predictions with the experimental counterparts. Further, "y;?fcyclic

is the cyclic crystallographic shearing rate and is modulated using an input parameter
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in our model, such that, 4. ;. = Y5 A(eyclic) (Kumar et al., 2024). Here, 4§ is the
crystallographic shearing rate on slip system « and A(cyclic) = 1 only for cyclic loading
and A(cyclic) = 0 elsewise (e.g. uniaxial tension and uniaxial compression) (Kumar et al.,
2024). Note that while we have only performed cyclic deformation simulations in the
present work and A(cyclic) = 1 is used, this parameter can be modulated in case the same

constitutive model is used to perform non-cyclic loading simulations.

The volume fraction of the precipitates is given as:
fy =GN, d (6.17)

Here, G, is a volumetric geometric factor, such that G, = 1 for cuboidal precipitates and
G, = m/6 for spherical precipitates. Given that the volume fraction of the precipitates
does not change with shearing, the time derivative of f,y/ can be derived as the differential

form of Equation 6.17 as:
- S 2 5\
fy = Go(Nyd® + 3N d?d,) =0 (6.18)

As precipitates are sheared, the size of the precipitates decreases and the volume number
density of precipitates increases (cf. Figure 6.2(c)). This also follows from Equation 6.18
and the rate of increase in the volume number density of the precipitates is given as:
: 3N_ids
__ Ty
Nw’ = (6.19)

’

o

By taking the time derivative of Equation 6.15, and using appropriate terms from Equa-

tions 6.17 and 6.19, we have:

. . 3N_d_ : : 2Gof.s
p'yl — Ga (N’yld’yl + N’y/d’y/) = Ga <_ C'ZYI ’7rd7/ =+ N’yld’yl> = —2Gapr/d7/ = — d(;) i d’y
Y ’y/
(6.20)
Thus, the rate of precipitate size evolution can be given as:
. 13
p,y/d ’
d,=——71 6.21
ol 2Gaf,y/ ( )
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Finally, the volume number density and size of precipitates at a given instant of time can
be written as:
N /‘t-i-At :N /|t+N /At
7 7 ! (6.22)
dylivar =d | +d At
Further, the updated precipitate size is used to calculate the precipitate strengthening as
per Equation 6.10. As the precipitate size decreases, the change in precipitate strength
contributes to initial hardening or subsequent softening, depending on whether it is sheared

by strongly or weakly coupled dislocation pairs.

Note that our proposed model is different from previous micromechanical models (Differt
et al., 1987; Leén-Cézares et al., 2020a; Agaram et al., 2021) in that these prior works have
proposed that the shearing of the precipitates is a function of the number of cumulative ir-
reversible slip steps or the cumulative irreversible slip distance, while our proposed model
simply considers the rate of evolution of the areal density of precipitates as a function
of the cyclic crystallographic shearing rate, "y;fcydic. As will be shown later, despite this
simplified first-order approximation, the proposed model for precipitate size evolution,
coupled with the precipitate strengthening model (cf. Equation 6.10), can successfully
predict the observed cyclic softening behavior for a range of loading conditions in two
different polycrystalline Ni-based superalloys. Further, the proposed model is an improve-
ment from the recent work of Kumar et al. (Kumar et al., 2024) in that the conservation
equations (cf. Equations 6.18 - 6.22) were not considered previously. Further, our model
has explicit consideration for the precipitate shape, via the geometric factors, G, and G,,
which allows us to simulate different types of precipitates observed in Ni-based superalloys.
In the example applications of the model shown later, we have considered cuboidal and
spherical precipitates as experimentally observed in two different superalloys. Coupling of
this shearing model with the precipitate size-dependent strengthening models described
in Section 6.2.1 allows natural consideration for the effect of precipitate size on strength

contribution.

Since this precipitate shearing model is implemented in a continuum crystal plasticity
model, consideration for discrete/individual interactions between dislocations and pre-
cipitates is not possible. Rather, dislocation-precipitate interactions are considered phe-
nomenologically via Equation 6.16 in this mean field model, where the capture radius,
Rann, is a parameter that is physically representative of the capture/interaction radius
around a dislocation core at which a precipitate may get sheared. Moreover, the geomet-

ric factors, G, and G,, are based on an implicit assumption of the precipitate shape. This
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mean field model is meant to provide a statistical representation of dislocation-precipitate
interactions, ultimately leading to precipitate shearing. Having said that, our model is
rather simplified and does not account for the dynamics of precipitate shearing, which are
still a matter of ongoing research. As discussed in Eggeler et al. (Eggeler et al., 2021), dif-
ferent nanoscale mechanisms may be active depending on the stacking fault energy of the
anti-phase boundaries. Accounting for such individual nanoscale mechanisms is perhaps
beyond the scope of a continuum constitutive model. Further, given that the stacking
fault energy itself is temperature-dependent, precipitate shearing may be expected to be
a temperature-dependent phenomenon (Tian et al., 2016; Li et al., 2019b; Wang et al.,
2023).

These constitutive equations, along with those listed in the Appendix, have been numer-
ically implemented in the form of a material model that interfaces with the open-source
finite element solver, MOOSE (Permann et al., 2020). The time step integration has
been performed using a modified version of the fully implicit Newton-Raphson scheme as
discussed in (Patra et al., 2023).

6.3 Application of the Model

We have used the constitutive model to predict the low-cycle fatigue behavior of two differ-
ent polycrystalline Ni-based superalloys. The first one is a PM-processed polycrystalline
superalloy, for which detailed mechanical and microstructural characterization has also
been performed in the present study. This is referred as Alloy 1 here on. The second one
is the superalloy Nimonic-90, for which experimental data have been taken directly from
the literature (Raman and Padmanabhan, 1995). This is referred as Alloy 2. As will be
discussed in the following, these two superalloys have distinct initial microstructures, with
different volume fractions and sizes of precipitates, and the microstructure-sensitive model

is used to predict their resulting cyclic deformation behavior.

6.3.1 Model Predictions for Alloy 1
6.3.1.1 Material and Experimental Characterization

Alloy 1 is a PM-processed polycrystalline Ni-based superalloy manufactured by the De-

fence Metallurgical Research Laboratory (India). The microstructure of this alloy consists
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of primary 7; precipitates, cuboidal-shaped secondary 7; and tertiary 72 precipitates ho-
mogenized in the v phase. The mean grain sizes of the v phase and the primary 'y;) phase
are 27.42 pym and 3.8 pm, respectively. The size of secondary 'y; and tertiary 7; precipi-
tates lies in the range of 200-300 nm and 10-30 nm, respectively (Chaudhary et al., 2023).
The composition of the matrix and precipitate phases is given in Table 6.2.

TABLE 6.2: Elemental composition (in atomic fraction) of the matrix and primary 'yl/,
phase of the as-received Alloy 1 (Chaudhary et al., 2023).

Al Mo Ti Cr Co Ni
Matrix 875 2.80 570 14.68 15.30 52.80
Primary 7;, 12.78 0.72 9.71 4.68 10.30 61.90

Fatigue specimens extracted from the as-received circular rod were used to study the
microstructure evolution after cyclic deformation and had the following initial dimensions:
25 mm gauge length, 6.35 mm diameter, and 100 mm total length. The LCF tests were
performed on a closed-loop servo-hydraulic axial fatigue test system, MTS-Landmark, with
a 100 kN load cell capacity. Two tests were conducted at 0.9% and 1.8% strain amplitudes
in a strain-controlled mode under fully reversed loading (with R = -1) at a nominal strain
rate of 2x 1073 s71. The LCF tests were carried out at room temperature, with the sample
initially loaded in tension during the 1st cycle. The strain values were measured by a 10
mm extensometer positioned at the gauge section. In this study, we are not interested in
simulating failure during LCF, and hence, the cyclic deformation experiments have also

not been performed till failure.

The LCF test samples after deformation to 500 cycles at 0.9% strain amplitude were sec-
tioned longitudinally to study the deformed microstructure using electron microscopy. The
samples were polished using sub-micron colloidal silica and etched using Collins reagent
(composition of 100 ml (38%) Hydrochloric Acid, 100 ml Ethyl Alcohol, and 5 grams Cop-
per (II) Chloride) for SEM. The SEM micrographs were obtained using an FEI Nova-Nano
scanning electron microscope. A Struers Tenupol-5 twin-jet electropolishing using a 90:10
ratio of methanol to perchloric acid was used to prepare TEM specimens at 15 V DC, and
at a stable temperature below 250 K. A Thermofisher Themis-300 microscope (300 keV
operating voltage) with a four-detector ChemiSTEM™ EDS arrangement was used for
TEM analysis. Further, the ’y; precipitates were also studied using HAADF-STEM.

Figure 6.3 shows the SEM images of the deformed microstructure for Alloy 1. The SEM
images in Figure 6.3(a,b) reveal the sheared precipitates, which are relatively smaller

in size as compared to their unsheared counterparts (see regions marked by red circles
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and arrows). Figure 6.4 shows TEM images of the ~' precipitates in the as-received
and deformed specimens. TEM micrographs in Figure 6.4(b,c) reveal that the unsheared
secondary 'y; precipitates exhibit a cuboidal shape. However, as shown in Figure 6.4(b)
and (c), the size of the precipitates changes due to shearing during deformation. After
shearing, the size of the secondary ’y; precipitates reduces from ~ 200-300 nm to = 91 nm.
Presumably, the phenomenon of precipitate shearing contributes to the changes observed
in these microstructures. Note that microstructural evidence of precipitate shearing in
Ni-based superalloys has also been reported in the literature. There are studies which
show the formation of shear bands through the precipitates (Stoltz and Pineau, 1978;
Sundararaman et al., 1989; Xiao et al., 2005), while others have shown the morphology of
the precipitates after shearing (Ye et al., 2004).

] s S ii:
SO T
;” ..y ‘l

Pl
Wk

Secondary y

FIGURE 6.3: (a), (b): SEM images of the deformed Alloy 1 showing sheared secondary
v, precipitates.

Further note that in the present alloy, the volume fraction of *yl is nearly 50%. The ma-
trix, v, and the precipitate phase, fy,, often brought significant mass-thickness contrast
(Williams et al., 1996), which dominated over the diffraction contrast essential for dislo-
cation imaging (Williams et al., 1996; Edington and Edington, 1975). As shown in Figure
6.4(a), revealing the dislocations with diffraction contrast in a highly magnetic Ni-based
system was non-trivial and often non-quantitative. The last point is indicated by the lower
magnification TEM bright and dark field images in Figure 6.4(b). Though these images

are for regions surrounding the unsheared and sheared precipitates, the dislocations are
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not revealed effectively. We have hence used TEM-based Precession Electron Diffraction
(TEM-PED) and a methodology described in Refs. (Rauch and Veron, 2005; Pai et al.,
2024a; Sudhalkar et al., 2024), for bringing out this aspect. However, as suggested by
Kiss et al. (Kiss et al., 2016), the correlation coefficient map (c.f. 6.3.1.2) revealed the
presence of dislocations around the unsheared and sheared precipitates (Figure 6.4(c)). In
particular, microstructural evidence of precipitate shearing was clearly revealed in terms

of dislocation activity in the vicinity of 4 precipitates.

Primary y Bright Field Dark Field

Unsheared

Sheared
Secondary and
Tertiary y
(a)
Unsheared
Bright Field
Image
Correlation g - ) = : I
Coefficient Map| | i ;\_:\I_"'-"‘ - P““. ot
. it | Precipitate
- Y _‘ S shearing
[io0mm] .

(c)

FIGURE 6.4: (a) TEM-based bright field image showing dislocations in primary ', (b)

bright and dark field images showing the unsheared and sheared 'y; precipitates, (¢) TEM

bright field and TEM-PED-based correlation coefficient map showing evidence of precip-
itate shearing.
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6.3.1.2 Correlation Coefficient Map

TEM-PED was performed, and a series of diffraction patterns was collected from a region
at a particular step size (2 nm). The correlation coefficient C(i,j) was calculated using
equation S1 comparing each diffraction pattern in the 144x144 pixel domain with its

neighbouring patterns (Kiss et al., 2016):

(6.23)

Sy [P (ow) = PIHLT @0)] 2 s, [Pid o) — PRI+ 2 0)] ’

C (i, 4) = oN
where P/ and P*t1J represent the two successive diffraction patterns from left to right,
while P% and P**! are from top to bottom. Meanwhile, (x,y) are pixel coordinates
within the patterns. N = 144 x 144 is the total number of pixels in the pattern. The

C(i, j) were then plotted over the entire domain, and the resulting map is shown in Figure
6.4(c).

6.3.1.3 Model Parameters

The crystal plasticity model parameters were calibrated to predict the macroscopic stress-
strain data obtained from the room temperature low-cycle fatigue tests at different strain
amplitudes. As discussed in (Chaudhary et al., 2023), the microstructure consisting of
the homogenized matrix (y phase with secondary +, and tertiary 4, precipitates), and the
micron-sized primary 'y]; precipitate as a separate phase were considered in our model.
Accordingly, we have considered 12 octahedral {111} < 110 > slip systems in the matrix
phase, and 12 octahedral {111} < 110 > slip systems along with 6 cube slip systems in
the primary 'y;g phase. The individual deformation of the fy; and 'y;/ precipitates is not
considered; rather, their contribution to the strengthening is considered in the form of the

precipitate strengthening contributions discussed earlier.

For these predictions, simulations were performed on a 3D cube geometry with 512 cube-
shaped grains (with 8 linearly interpolated hexahedral elements per grain). The reduced
texture comprising 512 grains/orientations was obtained from the undeformed experimen-
tal texture plotted with (111), (011), and (001) pole figures as shown in Figure 6.5. A
random texture is observed for the undeformed material, with no significant pole intensi-
ties. According to the volume fraction of primary ’y; precipitates, an appropriate number
of grains were assigned to the 7,; phase, and the rest were assigned to the matrix phase.
Displacement-controlled cyclic loading was applied along the y-direction at a nominal

strain rate of 2 x 1073 s~! in simulations. Displacement normal to three adjacent faces of
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the 3D microstructure was set to zero by applying roller boundary conditions. The corner

node common to these three faces was fixed to avoid rigid body rotation.

Experiment
(011) (001)
1.4
1.2
Simulation
1
(011)
0.8

FIGURE 6.5: Comparison of reduced 512 grain texture used for the crystal plasticity
simulations with the undeformed experimental EBSD texture for Alloy 1. Here, LD and
TD represent the loading and transverse directions, respectively.

TABLE 6.3: Temperature-dependent elastic constants for the v and 'y/ phase (Keshavarz
et al., 2016).

Phase Value
ol C11 = 269.87 — 0.0967 GPa
Co = 174.29 — 0.057T GPa
Cyy = 128.74 — 0.035T GPa
~y C11 = 298.87 — 0.096T GPa
Ci2 = 192.29 — 0.057T GPa
Cyq = 133.74 — 0.035T GPa

TABLE 6.4: Strengthening coefficients for different alloying elements contributing to solid
solution strengthening (Roth et al., 1997).

Alloying Element C Ct Co Mo Ti Al Mn Si Fe Ni

Strength Coefficient 1061 337 39.4 1015 775 225 448 275 153 -—
(MPa.At.Fraction_% )
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TABLE 6.5: Flow, strengthening and substructure parameters for « and 'y; phase for

Alloy 1.
Parameter a € oct, a € oct,cube,
J € matrix Jje ’71/)
Reference strain rate: “o; (sfl) 0.03 1073
Activation energy for dislocation glide: AF}* 0.150° 10Gb®
Shape parameters: p}, qj 0.5, 1.4 0.5, 1.4
Dislocation barrier strength: kp; 0.45 0.45
Dislocation interaction coefficients: A%, A%¢ 1,0 1,0
Initial dislocation densities: p3, (m~?), p7 (m~?) 1x10'2, 1x10'2  1x10'2, 1x10'2
Hall-Petch coefficient: kf; (MPa,/zm) 250 222.22
Dislocation multiplication constant: kg, 0.22 0.25
Capture radius for annihilation 6b 6b
of mobile dislocations: R.
Dislocation trapping constant: kf; 0.214 0.065
Dynamic recovery constant: kg; 1000 5
Burgers vector magnitude: b(nm) 0.249 0.249
APB energy of polycrystalline superalloy: yapp (;%‘2]) 200 200
APB energy of CMSX-4: yapp|lomsx -4 (%) - 111
Geometry parameter: A 0.72 -
Elastic repulsion parameter: w 1 -
Backstress: k31, kYo 2000, 1000 1000, 1000
Precipitate shearing parameters: Rgnn (nm), ¢ 3.78, 0.3 -
Areal geometric factor: G, 4 -
Volumetric geometric factor: G, 1 -

Majority of the model parameters used here are based on the values used in Chapter 5.
Additionally, parameters related to the cyclic hardening and softening are calibrated to
the experimental stress-strain response and are described briefly in the following. The
temperature-dependent elastic constants for v and 'yl phases were taken from Keshavarz
et al. (2016) and are given in Table 6.3. Model parameters related to the activation energy
shape parameters, Burgers vector magnitude, and precipitate and grain size strengthening
parameters, and the initial microstructural parameters (size and volume fraction of differ-
ent phases and precipitates), and the solute concentrations and solid solution strengthening
coefficients for the matrix and ’y;, phases were directly adopted from Roth et al. (1997) and
are given in Table 6.4. Parameters related to the dislocation evolution, which contribute
to isotropic hardening, were slightly modified from our previous study to obtain a better
fit of the initial hardening during cyclic deformation as given in Table 6.5. Note that in
our previous study, the role of non-Schmid stresses was also considered in the primary
’y;, precipitates, while the same has been neglected here to simplify the parameter esti-
mation process. As discussed in (Ranjan et al., 2021), the contribution of non-Schmid
stresses to room temperature deformation may be expected to be minimal. While we
do not have the exact estimate of the APB energy for this alloy, we have used a value of

yapp = 200mJ/m?. This is in the range of APB energies reported for Ni-based superalloys
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reported in the literature (Kozar et al., 2009; Ghorbanpour et al., 2017; Li et al., 2019b;

o
X2

capture the observed kinematic hardening and predict the cyclic stress-strain response.

Eggeler et al., 2021). The backstress model parameters, kS, and kS, were calibrated to
Finally, the model parameters related to cyclic softening, ¢ and Rgn,, were chosen based
on the best fit to the experimental data. As discussed in (Patra and McDowell, 2013), the
exponent of the areal density of the precipitates lies between 0 < ¢ < 1 in the precipitate
shearing model, and it controls the rate of shearing. Before moving further, it should be
noted that based on the experimental microstructure evidence seen in Figure 6.3, we have
only considered shearing of the secondary 'y; precipitates in the matrix phase for Alloy 1
in our model. While tertiary 'y; precipitates may also get sheared, microstructure charac-
terization at such a fine resolution is presently not possible. Hence, we have neglected the

contribution of the shearing of tertiary 'yg precipitates, if any, in our present simulations.

6.3.1.4 Prediction of Low Cycle Fatigue Behavior

The predicted hysteresis loops for fully reversed cyclic loading at 0.9% and 1.8% strain
amplitudes, along with the cyclic stress-strain response, are plotted in Figure 6.6 and
compared with the corresponding experimental data. The predicted cyclic stress-strain re-
sponses are compared with the experimental counterparts for the 15¢ cycle, the cycle with
the highest peak stress, and the last cycle up to which the experiments were performed.
Note that the experiments were not performed till failure to perform microstructure char-
acterization on the deformed specimens. Moreover, the primary objective of the present
work is the prediction of the cyclic softening behavior, and fatigue life prediction will be

performed in future work.

Model predictions of the hysteresis loop compare qualitatively with the corresponding ex-
perimental counterparts at the different cycles, while over-predicting the elastic-plastic
transition for both strain amplitudes. In these simulations, the response in the first cy-
cle was calibrated by fitting the backstress evolution parameters, whereas the predicted
response in the following cycles was adjusted using the cyclic softening parameters. The
peak stress increased slightly from the 1%¢ cycle to the 30" cycle for the 0.9% strain am-
plitude test, and up to the 10** cycle for the 1.8% strain amplitude test. Following this, a
decrease in the peak stress was observed in both experimental and simulation results. This
observed behavior is due to the initial kinematic hardening-induced backstress, followed

by subsequent cyclic softening.
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FIGURE 6.6: Comparison of the predicted hysteresis loop for cycles (a) 1, (¢) 30, (e)

100, and (g) cyclic stress-strain response at 0.9% strain amplitude, and for cycles (b) 1,

(d) 10, (f) 45, and (h) cyclic stress-strain response at 1.8% strain amplitude with the
corresponding experimental data for a fully reversed cyclic loading test for Alloy 1.
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FIGURE 6.7: Comparison of the predicted peak stress with the corresponding experimen-
tal values as a function of the number of cycles and total nominal cyclic strain for (a,c)
0.9% and (b,d) 1.8% strain amplitude for Alloy 1.

Figure 6.7 shows a comparison of the peak stress as a function of the number of cycles for
0.9% and 1.8% strain amplitude for Alloy 1. The peak stress plotted as a function of the
total nominal cyclic strain, e, = Y i ; 2|e?|, additively summed over the number of loading
cycles, n, at any instant is also shown to compare the cyclic softening behaviors for the
two simulations on the same scale. Here, the first few cycles show hardening followed by
a progressive decrease in the peak stress on further cyclic deformation. It is also observed
that cyclic softening commences at an approximately similar value of €. for the two strain
amplitudes in both experiments and simulations. The resistance to plastic deformation
is primarily due to the work hardening, which results from dislocation-dislocation inter-
actions, and the precipitation strengthening, which results from dislocation-precipitate
interaction in these precipitation-hardened systems Raman and Padmanabhan (1995). In
the present case, the initial hardening is the result of work hardening, whereas softening
after a few cycles is due to a decrease in precipitate strengthening. While noting that there
are some quantitative differences (= 5 — 7%) in the model predictions of the peak stress,
especially for the 1.8% strain amplitude case, as compared with the experimental data,
the model is able to qualitatively predict the hardening rate, peak stress and softening

rate for both the strain amplitudes.



Chapter 6. Polycrystalline Ni-based Superalloy 163

() 59 . , - (bl3o -
—_—y = 0.9% —_iy = 0.9%
200 —a=18%] _ e
- 4
S 150 -
L) = 200
100 —
= 150
50
0 100
107" 10° 107! 10°
[ Ee
(c)  .10° (d) 408
25b—c.-09% = 25— —09% o
— o |=e =1.8%
[ |
g 2 E at
= =
= L /
1 1 . .
1071 10°
e t'.l-_-
(e) .
e —, = 0.9%
-c, = 1.8%
100}~ e =18
g
S 80}
!
40 .
1071 10°
€e

FIGURE 6.8: The evolution of (a) precipitate size, d./, (b) precipitate strengthening,

5%, (c) slip system-averaged mobile dislocation densities, pas, (d) slip system-averaged

immobile dislocation densities, pr, and (e) effective backstress, x, as a function of total
nominal cyclic strain, €., at 0.9% and 1.8% strain amplitude.

Figure 6.8 shows the predicted evolution of various microstructure and internal state vari-
ables as a function of ¢, for the two strain amplitudes for Alloy 1. The precipitate size
decreases with an increase in €, due to precipitate shearing as shown in Figure 6.8(a). The
predicted mean precipitate size (= 50 nm) at the end of the simulation is qualitatively
comparable to the TEM measured sheared precipitate size 91 + 6 nm measured earlier in
Figure 6.4. Note that the initial precipitate size, prior to cyclic deformation, was of the or-
der of 250 nm. The corresponding contribution to precipitate strengthening, 77, changes
according to Equation 6.10 and is shown in Figure 6.8(b). During the initial cycles, the
size of the secondary 'y; is still larger than the threshold precipitate size, d?, such that the
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reduction in the precipitate size leads to an increase in 7g, according to the Equation 6.11.
Subsequently, the weak pair coupling mechanism becomes operative and 7, decreases
with a reduction in size of the 7;, precipitates according to Equation 6.12. Further, the
evolution of the slip system-averaged mobile and immobile dislocation densities is plotted
in Figures 6.8 (c) and (d), respectively, and the evolution of the effective backstress is

plotted in Figure 6.8 (e). The effective backstress, x, is calculated as (Evers et al., 2004):

N,
_ /3 =
X=X XX = Z X“sy @ my (6.24)

a=1

The macroscopic strength of the polycrystalline aggregate is the sum of the individual
slip system-level strengthening contributions. As predicted from our simulations, the ini-
tial increase in peak stress is due to an increase in the back stress and the isotropic
hardening (due to an increase in dislocation densities), and an increase in the precipitate
strengthening. On further cyclic deformation, reduction of precipitate size occurs, and the
corresponding strengthening due to precipitates decreases, thus resulting in the observed

cyclic softening.

For cyclic loading at 1.8% strain amplitude, the material fails much earlier (at around 54
cycles) as compared to 0.9% strain amplitude. This is because of the relatively higher
plastic deformation per cycle at 1.8% strain amplitude. As a result, the cyclic softening
starts much earlier at 1.8% strain amplitude and the size of the precipitates decreases
at a higher rate (with the number of cycles) as compared to 0.9% strain amplitude (see
Figure 6.7(a) and (b)). However, it is interesting to note that the values of mobile and
immobile dislocation densities and the backstress are relatively higher for 1.8 % strain
amplitude at a given €., as compared to the 0.9 % strain amplitude predictions (see Figure
6.8). This indicates that although the contributions of dislocation strengthening and
backstress increase with an increase in strain amplitude, precipitate strengthening is still

the dominant mechanism contributing to the overall strength of the superalloy.

6.3.2 Model Predictions for Alloy 2

The model has been used to predict the cyclic deformation behavior of another poly-
crystalline Ni-based superalloy, Nimonic-90, and compared with the experimental data at
different strain amplitudes (Raman and Padmanabhan, 1995). This is referred as Alloy
2 in the following discussion and its elemental composition is given in Table 6.6. This

alloy was selected to show the model’s capability to predict the cyclic deformation for
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a different initial microstructure, which has a different shape, size, and volume fraction
of the precipitates as compared to Alloy 1. The microstructure of Alloy 2 consists of
spherical 4 precipitates in the v matrix (Singh et al., 1991). Since larger, micron-sized
’y/ precipitates have not been reported, we have assumed a homogenized v matrix with
fyl precipitates in our simulations (i.e., secondary or tertiary precipitates have not been

considered separately).

6.3.2.1 Model Parameters

We have considered 12 octahedral {111} < 110 > slip systems in the matrix phase. Similar
to earlier simulations, a 3D cube geometry with 512 cube-shaped grains (with 8 linearly
interpolated hexahedral elements per grain) was used for these simulations. Further, the
initial reduced texture obtained for Alloy 1 (cf. Figure 6.5) was used for the Alloy 2
simulations as well. The crystal plasticity model was calibrated to predict the cyclic
deformation for different strain amplitudes at room temperature and compared with the
corresponding experimental data (Raman and Padmanabhan, 1995).

TABLE 6.6: Elemental composition of Alloy 2. This was converted to an atomic fraction
from the wt. % given in Ref. (Raman and Padmanabhan, 1995).

Alloying Element  C Cr Co Mo Ti Al Mn Si Fe Ni
Atomic Fraction 0.37 22.75 13.44 1.78 2.67 3.92 0.04 0.37 1.47 53.19

The undeformed microstructure of Alloy 2 consists of v precipitates with an average
precipitate size of 25 nm, coherent in the v matrix, which has an average grain size of 300+
30 pm (Raman and Padmanabhan, 1995). While the volume fraction of the precipitates has
not been reported, the heat treatment history for Alloy 2 has been provided. Specifically,
solutionizing treatments were applied at 1353 K for 8 hours, followed by aging at 973
K for 16 hours (Raman and Padmanabhan, 1995). We have used the approach given in
Dyson et al. (Dyson, 2009) to estimate the volume fraction of precipitates, as a first-order
approximation. The 7" volume fraction is calculated using the following equation (Dyson,
2009):

gy (m) = o (L

023 —c. (T) (6.25)

where ¢y denotes the concentration of ’y/ forming element of the alloy and ¢, (T') denotes

the equilibrium solute concentration in the matrix and is given as (Dyson, 2009)

(6.26)

7250)
T

ce (T) = 1Texp (—
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Thus, for the ageing temperature as T=973 K, ¢.(973K) = 0.00987. Further, ¢y = c. (T
at solvus temperature. At the 4 solvus for Nimonic-90 (1273 K) (Dyson, 2009), ¢ =
ce(1273K) = 0.05715. This gives [y, = 0.215. Based on these calculations, f,yl ~ 0.21
is assumed in our study. Similar volume fractions of fv' = 0.25 have also reported by

Basoalto et al. (Basoalto et al., 2004) for Nimonic-90.

For Alloy 2, most of the model parameters were assumed to be the same as Alloy 1. The
parameters, jo; and AF}, were modified to estimate the initial yield strength. Further,
the initial hardening and the width of the hysteresis loop were obtained by calibrating
kg; and the backstress evolution parameters. Finally, the cyclic softening parameters were
modified to predict the rate of softening accurately. These model parameters are given in
Table 6.7.

TABLE 6.7: Model parameters for v and 'y/ phase for Alloy 2. In the absence of primary

'y; precipitates, it was assumed that the nanometer-sized precipitates are distributed in
the homogenized v matrix.

Parameter « € oct, j € matrix
Reference strain rate: o; (s_l) 0.5
Activation energy for dislocation glide: AF}* 0.040Gb*
Shape parameters: pj, q; 0.5, 1.4
Dislocation barrier strength: kp; 0.45
Dislocation interaction coefficients: A%, A%< 1,0
Initial dislocation densities: p3, (m_Q), 09 (m_z) 1x10'%, 1x10"
Hall-Petch coefficient: k7, (MPa\//H) 250
Dislocation multiplication constant: kj;; 0.22
Capture radius for annihilation 6b
of mobile dislocations: R.
Dislocation trapping constant: kg; 0.214
Dynamic recovery constant: kg; 500
Burgers vector magnitude: b(nm) 0.249
APB energy of polycrystalline superalloy: yapp (2—‘2]) 200
Geometry parameter: A 0.72
Elastic repulsion parameter: w 1
Backstress: kyi, k2 2000, 500
Precipitate shearing parameters: Rgnn (nm), ¢ 0.28, 0.3
Areal geometric factor: G, T
Volumetric geometric factor: G, /6

6.3.2.2 Prediction of Low Cycle Fatigue Behavior

The model was used to predict the deformation for two different types of cyclic loading:

incremental step tests and fully reversed constant strain amplitude tests.
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For the incremental step test, the loading block is shown in Figure 6.9(a). In these incre-
mental step tests, loading was applied in repeated blocks of cyclic loading with varying
strain amplitude (Raman and Padmanabhan, 1995), and the hysteresis loops for one such
block were reported at half life. While we have not performed simulations till the end of
life, we report the predicted cyclic stress-strain response in Figure 6.9 for the 80" block,
assuming that the hysteresis loops have saturated by this point. The predicted cyclic
stress-strain response at a nominal strain rate of 3 x 1073 s~! is shown for block 1 and
block 80 in Figure 6.9(b) and compared with the corresponding experimental data (Ra-
man and Padmanabhan, 1995) at half life in Figure 6.9(c). As can be seen, the peak stress
as well as the width of the hysteresis loop for each of the cycles in the loading block is

predicted by the model with reasonable accuracy.
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FIGURE 6.9: (a) Strain versus time for each loading block in the incremental step test.

(b) Predicted cyclic stress-strain response for blocks 1 and 80, and (c¢) comparison of

superimposed predicted stress-strain response with matched lower tips for block 80 with
the corresponding experimental data for Alloy 2 (Raman and Padmanabhan, 1995).

Further, simulations were performed for fully reversed cyclic loading for three different
strain amplitudes at a nominal strain rate of 3 x 1072 s~ at room temperature. While
the experimental peak stress data at 1.1% and 0.6% strain amplitudes were used for
calibrating the cyclic softening parameters, the model was used to predict the response
at 0.85% strain amplitude as a validation test case. The comparison of peak stress for

the different strain amplitudes as a function of the number of cycles and €. with the
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corresponding experimental data from (Raman and Padmanabhan, 1995) is plotted for
Alloy 2 in Figure 6.10. The peak stress evolution during the first few cycles shows an
increase in cyclic hardening for all three strain amplitudes, while a gradual drop in the
peak stress is observed on further deformation. For all three strain amplitudes, the peak
stress evolution with the number of cycles is predicted relatively well by the model. This
provides validation for the model’s ability to predict cyclic softening. Further, as can
be seen from both experiments and simulations, the peak stress values increase with an

increase in strain amplitudes.
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FI1GURE 6.10: Comparison of peak stress as a function of the number of cycles and total
nominal cyclic strain, e, for (a,b) 1.1%, (c,d) 0.85%, and (e,f) 0.6% strain amplitude with
the corresponding experimental data for Alloy 2 (Raman and Padmanabhan, 1995).

Figure 6.11 shows the predicted evolution of various microstructure and internal state vari-

ables as a function of e, for the different strain amplitudes for Alloy 2. The initial increase
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in peak stress as seen in Figure 6.10 can be correlated with an increase in the dislocation
densities and back stress in Figures 6.11 (c), (d), and (e). The dislocation densities and
the backstress at any given €. are higher for a higher strain amplitude. However, as seen
in Figure 6.11(a), the precipitate size does not change appreciably during the first few
cycles (up to about ¢, = 1 for all three strain amplitudes). Subsequently, as the mobile
dislocation density increases, the areal density and the precipitate size decrease on further
cyclic deformation. Given the relatively small initial precipitate size, the strengthening
contribution is due to weakly coupled dislocation pairs (cf. Equation 6.12). As a result,
the strength contribution, 7.,

o

the corresponding predictions for Alloy 1, where 7, initially increases and then decreases

decreases with increasing e¢.. Note that this is in contrast to

with increasing €. (cf. Figure 6.8 (b)).

These results indicate that there is a transition from strong pair coupling to weak pair
coupling for Alloy 1, while there is no such transition with cyclic deformation for Alloy
2. Remarkably, the microstructure-sensitive crystal plasticity model is able to predict the
experimentally observed cyclic softening behavior for both these alloys by accounting for

the underlying physical mechanisms.

6.3.3 Statistics of Precipitate Shearing

The SEM image of sheared precipitates shown in Figure 6.3(b) was analyzed to estimate
the fraction of sheared precipitates using a combination of image processing tools. Based
on the limited data analyzed, it was found that roughly 45% of the precipitates are sheared.
However, we note that a similar fraction of sheared precipitates may not be observed in
all grains, and this may also be dependent on the orientation of the grains and the loading

conditions.

While a direct comparison of model predictions with experiments is not possible, we have
plotted the distribution of the number density of precipitates, N, e for the different sim-
ulations for both alloys. This is obtained by extracting the post-deformation, precipitate
number density over all material points present in the simulation domain. Model pre-
dictions are shown for Alloy 1 and Alloy 2 in Figure 6.12(a) and 6.12(b), respectively.
Note that all precipitates were initially assumed to be of the same size in this mean field
model, and hence the number fraction of 1 for the undeformed precipitates. It can be seen
from the model predictions that the mean number density of the precipitates correspond-
ing to the peak number fraction is approximately 2-4 times the initial number density of

the precipitates. This provides a qualitative comparison with the limited analysis of the
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FIGURE 6.11: The evolution of (a) precipitate size, d./, (b) precipitate strengthening,

5, (c) slip system-averaged mobile dislocation densities, pas, (d) slip system-averaged

immobile dislocation densities, p;, and (e) effective backstress, x, as a function of total
nominal cyclic strain, €., at 1.1%, 0.85% and 0.6% strain amplitude for Alloy 2.

experimental SEM microstructures. Moreover, these predictions are from a mean field
model, which only considers the mean value of precipitate number density and size at a
material point. We note that a cluster dynamics-based approach for the prediction of the
distribution of precipitate number density and size may be more appropriate as compared

to our mean field model.
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FIGURE 6.12: Distribution of precipitate number density before and after cyclic defor-

mation for (a) Alloy 1 to 44 cycles for 1.8% strain amplitude and 100 cycles for 0.9%

strain amplitude, and (b) Alloy 2 to 200 cycles for 1.1% strain amplitude, 234 cycles for
0.85% strain amplitude, and 400 cycles for 0.6% strain amplitude.

6.3.4 Prediction of Cycle Deformation and Softening at High Tempera-

ture

Preliminary predictions of the cycle deformation behavior have been made at 923 K and
0.9% strain amplitude for Alloy 1. A comparison of the peak stress evolution as a function
of the number of cycles at 923 K with the corresponding room temperature response is
shown in Figure 6.13. The flow stress at high temperatures is lower than at room tempera-
ture. A qualitatively similar increase in the peak stress with number of cycles, followed by
a delay in the initiation of cyclic softening is predicted at 923 K. Gopinath et al. (Gopinath
et al., 2009) have performed low cycle fatigue tests at different temperatures and strain
amplitude for a powder metallurgy processed Ni-based superalloy, Alloy 720Li, that has a
similar microstructure comprised of primary, secondary and tertiary ’y/ precipitates. Our
model predictions of the high-temperature peak stress evolution, as compared to the room
temperature behavior, are qualitatively similar to their experimental observations (see Fig-
ure 2 in Ref. (Gopinath et al., 2009)). Temperature-dependent elastic constants for v and
’yl phases have been considered for the high-temperature simulations. Further, the model
naturally considers thermally activated glide according to the flow rule given in Equation
4.4. Tt is expected that the APB energy may vary with temperature and also with alloy
composition (Manga et al., 2015; Ghorbanpour et al., 2017; Li et al., 2019b). Accordingly,
T4 pp is a temperature-dependent term, which has been discussed in prior studies (Ranjan
et al., 2021; Chaudhary et al., 2022) and is used to phenomenologically account for the
effect of the APB energy on the strength. Lower-scale modeling studies can also be used

to estimate the variation of this parameter as a function of alloy composition (Chandran
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and Sondhi, 2011; Vamsi and Karthikeyan, 2021; Dodaran et al., 2020). Quantitative com-
parison of model predictions with the experimentally measured high-temperature cyclic

stress-stress response will be performed in future work.
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FIGURE 6.13: Prediction of peak stress as a function of the number of cycles at 0.9%
strain amplitude at 923 K for Alloy 1.

6.4 Discussion

The micromechanical model for precipitate shearing, coupled with a precipitate strength-
ening model, implemented in a previously developed crystal plasticity framework, allows
prediction of the cyclic deformation behavior, including cyclic softening in polycrystalline
Ni-based superalloys. The primary novelty of this model is in its ability to predict cyclic
softening in superalloys, with different initial microstructures, both in terms of the me-
chanical properties (cf. Figures 6.6, 6.7, 6.9, 6.10) and the microstructure evolution (cf.
Figures 6.8, 6.11).

Alloy 1 has a microstructure comprising primary (micron-sized), secondary (=~ 250 nm
sized, cuboidal-shaped), and tertiary (~ 30 nm sized) 7 precipitates, for which exper-
imental microstructure and mechanical property characterization were performed in the
present study. The crystal plasticity framework was used to predict the cyclic deformation,
in terms of the initial cyclic hardening, followed by cyclic softening observed in this alloy
during room temperature deformation for 0.9% and 1.8% strain amplitudes. Further, the
substructure and microstructure evolution were also predicted in terms of the precipitate
size, backstress, and dislocation densities during deformation. The predicted microstruc-
ture evolution was qualitatively validated by comparing model predictions of precipitate
size with experimental TEM measurements. It was predicted that the observed cyclic

softening occurs due to a transition from strong pair coupling to weak pair coupling of



Chapter 6. Polycrystalline Ni-based Superalloy 173

the dislocation-precipitate interactions. We note that the comparison of model predic-
tions with the experimental microstructure measurements for this alloy is rather limited
at present. More detailed characterization, including High Resolution Transmission Elec-
tron Microscopy (HRTEM) (for example, see (Zenk et al., 2021)), could be performed in

future work to validate the model predictions.

Alloy 2 has a microstructure comprising spherical 7l precipitates, with an initial size of
~ 25 nm. The crystal plasticity model was first calibrated to the cyclic incremental step
test and fully reversed cyclic deformation tests at two strain amplitudes (1.1% and 0.6%),
while it was validated by predicting the cyclic deformation and softening behavior for
another strain amplitude (0.85%). Given that the initial precipitate size was small, the
weak pair coupling mechanism was present in this alloy from the beginning of deformation,
and the observed cyclic softening was primarily due to the reduction in precipitate size

and its contribution to precipitate strengthening.

The model could be improved further by accounting for a distribution of precipitates,
rather than a mean field precipitate size and number density. This could be inspired by
stochastic cluster dynamics-based models commonly used for studying defect distribution
in irradiated materials (Yu et al., 2021). This would also allow consideration of different
types of precipitates (secondary and tertiary) within the same shearing model. The de-
tailed precipitate shape anisotropy and local coherency variations arising from interfacial
chemistry fluctuations are not explicitly modeled in the present work. While these may
play a role on the local deformation behavior, the homogenized macroscopic response is
not expected to be affected appreciably. However, the constitutive models for dislocation-
precipitate interactions can be improved by taking insights from lower scale discrete dislo-
cation dynamics (DDD) simulations. The model could also be improved by insights from
detailed experimental characterization (Zenk et al., 2021). While orientation-dependent
anisotropy and heterogeneous deformation is also expected during cyclic loading, this was

not studied using direct microstructural observations.

Cyclic deformation and softening at high temperature (which is generally the expected
operating temperature of superalloys in gas turbine engines) is an issue of concern not ad-
dressed in the present work. While we have predicted and validated the high-temperature
tensile deformation using our constitutive model in the previous work (Chaudhary et al.,
2023), we intend to study the high-temperature cyclic deformation and softening in future
work. Nonetheless, preliminary model predictions of the cyclic deformation of Alloy 1 are

shown in Section 6.3.4.
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6.5 Conclusions

A micromechanical constitutive model has been developed and implemented in a crystal
plasticity framework to simulate microstructure evolution due to precipitate shearing and
resultant cyclic softening in polycrystalline Ni-based superalloys. This model accounts
for the shearing of 4" precipitates on their interaction with mobile dislocations, which
results in a decrease in the areal density of the precipitates. The constitutive model
has explicit consideration for the evolution of the volume number density and size of
the precipitates, as well as their shapes. This constitutive model has been implemented
along with an Armstrong-Frederick type slip system-level backstress evolution model to
simulate the mechanical behavior and microstructure evolution during cyclic deformation

of two polycrystalline Ni-based superalloys, with different initial microstructures.

The results presented in our work highlight the capability of the model to predict cyclic
softening in Ni-based superalloys, with different types of initial microstructures, which may
arise due to the processing and heat treatment. This is the primary novelty of the present
work. This can potentially aid the design and optimization of heat treatment regimes
to tailor the superalloy microstructures (in terms of precipitate size and volume fraction)
for optimal strength and life during cyclic deformation. The framework can also be used
in future work for fatigue lifing predictions of Ni-based superalloys (cf. Castelluccio and

McDowell (2014); McDowell (2007)).



Chapter 7

Predicting Fatigue Indicator
Parameters During Cyclic
Deformation of Polycrystalline

Ni-based Superalloys

7.1 Introduction

Fatigue failure of turbine disks is one of the most critical issues in the design and main-
tenance of aero-engines. Grain-scale microstructural features, such as the grain size, pre-
cipitate size and volume fraction, grain orientation, and presence of grain boundaries,
significantly affect the LCF behavior, particularly during crack initiation and micro-crack
propagation. Essentially, these microstructural features lead to heterogeneous stress and
strain fields (Abuzaid et al., 2013). For example, Miao et al. (2009, 2012) revealed that
cracks initiate within grains with high Schmid factors, particularly along planes that are
parallel to and slightly offset from coherent twin boundaries in René 88DT alloy under
very high cycle fatigue conditions. Crack initiation under low-cycle fatigue behavior has
also been reported along twin boundaries in polycrystalline nickel-based superalloys (Miao
et al., 2009, 2012; Stein et al., 2012). Heinz and Neumann (1990) suggested that strain
localization is more pronounced at twin boundaries compared to general grain boundaries.
Furthermore, Flageolet et al. (2005) reported that primary precipitates ’y/ could contribute
to the crack initiation of P/M processed N18 alloy. Jiang et al. (2015a) concluded that

crack initiation predominantly occurs during cyclic deformation at grain boundaries or
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v/ 'y/ interfaces, primarily as a result of the formation and eventual rupture of chromium-
rich and/or cobalt-rich oxides. Antolovich and Jayaraman (1983); Lerch et al. (1984)
explored the effect of precipitate and grain size on the fatigue behavior of Waspaloy and
concluded that microstructures with coarse grains and small precipitates show heteroge-
neous deformation due to precipitate shearing. Thus, gaining insight into the effect of
these grain-scale damage mechanisms on crack formation or related parameters is crucial

for understanding the contributors to fatigue life.

The EBSD technique is widely used to find misorientation-related parameters such as Grain
Reference Orientation Deviation (GROD), KAM, and GND density, which are valuable
in examining fatigue, creep, and creep-fatigue deformation (Han et al., 2021; Hu et al.,
2021; Rui et al., 2018; Wang et al., 2021). For example, Wang et al. (2021) performed a
creep-fatigue damage analysis in the Ni-based superalloy GH4169, using KAM, GROD,
and GND. Their findings indicated that these misorientation parameters aligned well with
damage parameters predicted by continuum damage mechanics under varying dwell times
and strain ratios. Using digital images, Harte et al. (2020) showed a correlation between
plastic strain and misorientation parameters. Jiang et al. (2022) studied the crack ini-
tiation and strain localization during low-cycle fatigue using SEM-DIC characterization
and highlighted that elastic anisotropy near twin boundaries promotes strain localization
and correlated the SEM-DIC analysis with crystal plasticity simulation by adding fatigue
indicator parameters. Li et al. (2023) investigated the effect of microstructural features
on fatigue short crack paths and propagation rates for GH4169 superalloys at room tem-
perature and revealed that intragranular cracks predominantly propagate along activated
slip bands within the y-matrix grains parallel to 111 crystallographic slip planes. It was
also observed that low-angle and subgrain boundaries were found to deflect intragranular
cracking, whereas high-angle grain boundaries played a more dominant role in blocking
short crack growth. Stinville et al. (2017a) investigated strain heterogeneity correlating
SEM and DIC analysis during cyclic loading at 650 °C' and observed strain localization
near twin boundaries, which is associated with the activation of the 111 (110) and 111
(112) slip systems. Zhao et al. (2022) studied strain localization using SEM-DIC charac-
terization during cyclic loading at 450 °C for PM-processed superalloys and revealed that
strain generally accumulates within slip or strain bands as a result of dislocation slip on
the 111 planes and strain bands at grain boundaries either transmit through, deflected by,
or get blocked will depended on grain boundary characteristics and the crystallographic
orientation of adjacent grains. Mello et al. (2017) studied a deformation mechanism map
under cyclic loading at three temperatures using high-resolution DIC with an SEM and

EBSD, and found out that at low temperatures, deformation occurs via 111 slip planes,
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while higher temperatures activate both 111 and 100 slip planes due to cross-slip within
the +" phase. Moreover, high-resolution EBSD (HR-EBSD) has been used for the mea-
surement of elastic strain and lattice rotation through the image correlation of Kikuchi
patterns, and it is useful for validating and comparing simulation outputs (Wilkinson et al.,
2006; Zhang et al., 2014, 2018, 2022b).

Several strain-based parameters have been proposed to predict fatigue crack formation,
based on the range or amplitude of shear stress, shear strain, or plastic shear strain critical
plane (Fatemi and Socie, 1988; Socie, 1993; Bennett and McDowell, 2003). These param-
eters are generally used to assess fatigue crack initiation, encompassing both the initial
crack formation and a limited extent of small crack growth through the microstructure.
Bennett and McDowell (2003) included cyclic microplasticity, the Fatemi-Socie parameter,
and the Mohr—Coulomb parameter in the crystal plasticity framework to study the role
of microstructural heterogeneity on fatigue behavior. Further, FIPs based on computed
stress and plastic strain range have been used to predict the probability of formation of
micro-fatigue cracks (Manonukul and Dunne, 2004; McDowell and Dunne, 2010). FIP
for characterizing fatigue damage can be complex functions of stress and strain and may
depend on the failure mechanisms (McDowell and Dunne, 2010). Firstly, Manonukul and
Dunne (2004) implemented accumulated plastic slip as an FIP to predict crack initiation
and characterize fatigue damage in a crystal plasticity framework for nickel alloy C263.
Shenoy et al. (2007) introduced the Fatemi-Socie parameter and the maximum cyclic plas-
tic shear strain parameter in the crystal plasticity framework for a representative volume
element (RVE) to predict crack incubation. Following this, the FIP was successfully used
to predict fatigue crack initiation for various materials (Shenoy et al., 2007; Castelluccio
and McDowell, 2014; Yuan et al., 2020; Zhang et al., 2022b). Castelluccio and McDow-
ell (2014) proposed a crystal plasticity framework to investigate fatigue crack initiation
and growth at the mesoscale. The Fatemi-Socie parameter is employed to link local cyclic
plasticity to crack nucleation sites (Liu et al., 2023). Yuan et al. (2020) implemented accu-
mulated plastic slip and energy dissipation as FIP in the crystal plasticity model to predict
fatigue crack initiation and showed that fatigue cracks generally initiate at triple points
and grain boundaries. Zhang et al. (2022b) studied fatigue behavior using EBSD and
crystal plasticity simulations of FGH4098 alloy at 650 °C and 750 °C'. At 750°C, the alloy
shows larger hysteresis loop areas and shorter fatigue life, and CPFE simulations reveal
intense localization of accumulated shear-strain energy dissipation density (ASSEDD) and
Fatemi—Socie parameter values, which indicate more rapid and extensive fatigue damage
compared to 650 °C. However, these studies do not study the competitive role of various

microstructure features in fatigue damage initiation.
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This study aims to examine the role of various grain-scale features in fatigue crack initiation
during low-cycle fatigue deformation. Chapter 5 had focused on detailed microstructural
characterization, followed by a qualitative comparison of our model predictions with ex-
perimental observations of various substructure-governing variables, namely the secondary
precipitate size and local misorientations during tensile loading. Further, a crystal plastic-
ity model for cyclic deformation and softening was developed in Chapter 6. In the present
chapter, Fatigue Indicator Parameters (FIPs) proposed in the literature are introduced
into the existing framework (Chapter 6) to simulate the microstructure evolution during
cyclic deformation and hence identify the potential sites for damage initiation. Further,
attempts are also made to correlate the FIPs with the microstructure evolution metrics,
such as KAM (if any).

7.2 Prediction of Fatigue Indicator Parameters (FIPs) Us-
ing the Crystal Plasticity Model

In our crystal plasticity framework, mesoscale parameters such as CRSS, normal stress on
specific slip systems, and shear strain can be correlated to estimate the FIPs. These FIPs
characterize the driving forces for both the initiation of fatigue cracks and the growth of
microstructurally small cracks (Zhang et al., 2022b). Slip impingement on grain bound-
aries or other concentrated slip bands is a physically feasible mechanism for fatigue crack
formation. This phenomenon is linked to dislocation pileups, which can be quantified at

the continuum level by measuring cumulative plastic shear strain, P, (Shenoy et al., 2007):

P, = max (/ éfjmf‘s?dt) (7.1)
cyclic

where, s® is the slip direction and m® is the slip plane normal. The maximum value of

this parameter is calculated over all possible slip systems for one cycle.

According to the critical plane approach, cracks initiate and propagate along specific
planes, with this fatigue crack growth being further influenced by the normal stress act-
ing on those planes (Shenoy et al., 2007). The Fatemi-Socie parameter, Py, effectively
correlates with crack incubation related to slip band cracking and shear-dominated mi-
crostructurally small crack growth and is defined by (Shenoy et al., 2007; McDowell and
Dunne, 2010; Zhang et al., 2022b):
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on =m0 -m” (7.3)

where, A+P  represents the maximum range of the cyclic plastic shear strain on the

max

mar represents the peak stress

specific slip system, o, represents the yield strength, o
normal to the plane associated with this maximum shear range and k is the constant
lies between 0.5 to 1 that controls the influence of normal stress and set as 0.5 in this
study (Shenoy et al., 2007; Zhang et al., 2022b). The cumulative plastic shear strain
FIP, P, and the Fatemi-Socie FIP, Py, have been implemented in the crystal plasticity
framework (Chapter 6) to predict the micro-crack formation sites in representative EBSD

microstructures in the present chapter.

7.3 Model Predictions

Room temperature cyclic deformation is performed on the four EBSD microstructures
studied earlier in Chapter 3 at 0.9 % strain amplitude, and FIPs are calculated at different
cycles. The loading and boundary conditions remain the same as shown earlier, with the
exception that positive and negative displacements are applied during the respective tensile

and compressive loading cycles.

Figures 7.1, 7.2, 7.3 and 7.4 show the P, and P, contours after cyclic deformation at
cycles 10 and 20 for four different microstructures. P, considers the accumulated shear
strain, whereas Pps considers the combined effect of stress and strain components. It can
be seen that both P, and P, increase on further cyclic deformation from cycles 10 to 20.
However, the regions in which these FIPs develop in the respective microstructures do not
change. This indicates that potential failure initiation may occur at these hotspots, which

appear in the microstructure after deformation to only 10 cycles.

As discussed in Chapter 4, various grain-scale features, grain boundaries, twin bound-
aries, and phase interfaces lead to heterogeneous deformation. Higher FIP development
is generally observed in the matrix compared to the primary 71; precipitates. Although
favorably oriented grains in the vicinity of primary 71/7 precipitates and twin boundaries
also show FIP localization due to higher deformation (see regions marked by black arrows
in the phase map and white arrows in FIP contours). Further, higher FIP localization is
generally observed near the twin boundaries (represented by white lines in the phase map).

This is due to the sharp change in orientation of slip systems across the twin boundary.

Annealing twin boundaries play a crucial role in crack initiation in PM-processed Ni-based

superalloys (Bozzolo et al., 2012; Jiang et al., 2015b). Typically, for smooth specimen
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FIGURE 7.1: Evolution of Fatemi-Socie parameter, Pys, and cumulative plastic shear
strain, P,, during the cyclic deformation for ROI-1. ¥3 Coincidence Site Lattice (CSL)
twin boundaries are marked with white lines, and grain boundaries are marked with black
lines.
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FIGURE 7.2: Evolution of Fatemi-Socie parameter, Pys, and cumulative plastic shear
strain, P,, during the cyclic deformation for ROI-2. %3 Coincidence Site Lattice (CSL)
twin boundaries are marked with white lines, and grain boundaries are marked with black
lines.
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FIGURE 7.3: Evolution of Fatemi-Socie parameter, Pys, and cumulative plastic shear
strain, P,, during the cyclic deformation for ROI-3. ¥3 Coincidence Site Lattice (CSL)
twin boundaries are marked with white lines, and grain boundaries are marked with black

lines.

Cycle: 10

Cycle: 20

(] Primary]’;;

Il | Matrix

FIGURE 7.4: Evolution of Fatemi-Socie parameter, Pys, and cumulative plastic shear
strain, P,, during the cyclic deformation for ROI-4. %3 Coincidence Site Lattice (CSL)
twin boundaries are marked with white lines, and grain boundaries are marked with black

lines.
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fatigue, without the presence of inclusions or manufactured micro-notches, cracks are
likely to form in favorably oriented grains near annealing twin boundaries (Miao et al.,
2009, 2012; Jiang et al., 2017). The localization near twin boundaries marked with a
white arrow is observed in all the microstructures in favorably oriented twin-parent grain
pairs. The 33 twin boundary, which is aligned with the {111} slip plane, along with the
elastic anisotropy between the twin and parent grain pairs, contributes to stress and strain
concentration, potentially leading to fatigue failure. Thus, the probability of the fatigue
crack initiation in the vicinity of twin boundaries and primary 7;, precipitates is higher

and can contribute to the crack initiation or damage.

Data from all four microstructures have been collected to find the distribution of FIPs
and misorientation at the different microstructure features. Figure 7.5 shows the distri-
bution of Fatemi-Socie parameter, Py,, cumulative plastic shear strain, P. and kernel
average misorientation (KAM) histograms at three critical microstructural features, i.e.,
grain boundaries, twin boundaries, and phase interfaces after the 10 and 20** loading
cycles. The peak of the FIPs increases from cycle 10 to cycle 20, as well as cycle 20 also
shows a slightly narrower FIP distribution with a longer tail at all three microstructure
features. Initially, localization is more diffuse in cycle 10 according to the grain orienta-
tion, and during further deformation due to rotation of the grains, localization is more
intense at cycle 20. This suggests a redistribution of deformation across the microstruc-
ture, where certain interfaces become more dominant crack initiation sites, while others
become less dominant in contributing to damage accumulation. In addition, KAM repre-
sents local lattice rotation and can be used as an indicator of plastic deformation. A peak
at low KAM values (~0.5°)is observed, which indicates low plastic deformation during
cyclic deformation. The distribution for cycle 20 shows a slightly broader tail towards
higher KAM values compared to cycle 10, highlighting the progressive development of
deformation localization. Further, a higher fraction of FIPs and KAMs is observed near
twin boundaries compared to grain boundaries and phase interfaces, which indicates the
role of twin boundaries in deformation localizations. This indicates twin boundaries have
a higher propensity for failure compared to grain boundaries and phase interfaces for both
Cycle 10 and 20.

The Pearson’s correlation coefficient is calculated to explore the statistical correlation
between Pyg, P., and KAM, if any. The PCC (r(x,y)) for two variables x and y is
computed as (Adler and Parmryd, 2010):

Zz(gjz - xav)(yi - yav)

r<x7 y) N \/Zz(mz - x(w)2 Zz(yz - y(w)2 <74)
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FIGURE 7.5: Distribution of Fatemi-Socie parameter, Pfs, cumulative plastic shear
strain, P,., and kernel average misorientation (KAM) at twin boundaries, grain bound-
aries, and phase interfaces after cycle 10 and cycle 20.

where 4 is summed over all the material points, x4, and y,, is mean of x and y data. For

highly correlated variables, r(z,y) — 1.

The correlation between Py, P, and KAM is plotted in Figure 7.6 for all material points
and also separately at grain boundaries, twin boundaries, and phase interfaces. The cor-
relation coefficient (r > 0.99) between P, and Py indicates a linear positive correlation,
which indicates that both FIPs predict a similar heterogeneous localization. This is ob-
served for all material points, as well as the different microstructural features. Further,
the correlation coefficient, r = 0.3695 between P, and KAM, and r = 0.3821 between Py,
and KAM, indicates a moderate positive linear correlation. Similarly, moderate positive
correlation is observed at all three microstructure features between P, and KAM and P,
and KAM. Here, the FIPs serve as a localized indicator for fatigue damage accumulation,
typically influenced by cyclic plastic strain, whereas KAM is commonly used as a measure
for local plastic deformation. The Figure 7.6 shows that the region of higher P. and Py,
has higher KAM values as well. However, there are also material points where higher

KAM values are observed in some regions, which have low P, and Py, values.

In Chapter 5, it has been shown that simulated KAM prediction shows a discrepancy in
some regions compared to experimental KAM values. The over-estimation of KAM was
largely attributed to the lack of strain gradient effects in the model and the consideration of
only two layers of elements along the thickness direction. Similarly, considering the strain

gradients effects in the model, the actual 3D grain structure and coarser mesh might predict
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FIGURE 7.6: Statistical correlation between Py, P., and KAM at all the pixels, grain
boundaries, twin boundaries, and phase interfaces. r is the value of Pearson’s correlation
coefficient.

a better correlation between the KAM and FIPs. Though this work highlights the higher
localization of both KAM and FIPs along twin boundaries, and correlation coefficient is

also higher at twin boundaries compared to grain boundaries and phase interfaces.

In this study, two FIPs, the Fatemi-Socie (FS) parameter and the cumulative plastic shear
strain were evaluated for their effectiveness in predicting fatigue damage under cyclic load-
ing conditions. The Fatemi—Socie parameter, which combines the shear strain amplitude
with the maximum normal stress on the critical plane, is particularly effective in capturing
the influence of both shear and tensile stresses on crack initiation. This makes it especially

suitable for loading conditions where non-proportional multiaxial stresses are present. On
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the other hand, the cumulative plastic shear strain based FIP provides a computationally
efficient approach by summing the plastic shear strain over the fatigue life. This param-
eter is particularly useful for ductile materials, where fatigue damage is predominantly
governed by shear deformation and cyclic plasticity. It is useful for large-scale simula-
tions or when computational resources are limited. However, it may not fully capture the
effects of normal stress, which can be critical in certain loading scenarios, leading to an

underestimation of fatigue damage in some cases.

7.4 Conclusions

The present chapter focuses on the effect of the subgrain features, e.g., grain boundaries,
twin boundaries, and phase interfaces, as potential sites for fatigue crack nucleation during
cyclic deformation. Two FIPs were introduced into our crystal plasticity framework in
order to predict possible sites of crack nucleation and were also correlated with predicted
KAM data. Further, statistical analysis of FIPs and KAM at different microstructure

features has been done to find the competitive roles of these features in fatigue deformation.

It can be concluded from these model predictions that:

e The two FIPs, namely the Fatemi-Socie parameter, Py,, and cumulative plastic shear
strain, P,, showed that significant localizations develop in the vicinity of annealing

twins, grain and phase boundaries.

« Statistical analysis reveals higher misorientation and FIPs near twin boundaries com-
pared to grain boundaries and phase interfaces, which suggests that twin boundaries

have a higher tendency for damage initiation and accumulation.

o The spatial location of the predicted FIP hotspots does not change from cycle 5 to
cycle 10, and potential crack initiation may be expected to occur at these sites on

loading to a higher number of cycles.
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Summary and Conclusions

8.1 Summary of the Thesis

This thesis focused on developing mesoscale constitutive modeling tools for predicting the
processing-microstructure-mechanical property correlations in Ni-based superalloys. To
achieve this, different chapters of the thesis have developed constitutive models for pre-
dicting such correlations in either single crystal or polycrystalline superalloys. The models
for microstructure evolution and mechanical properties have been experimentally validated
either with literature data or using experimental data generated for this thesis work. These
physically-based modeling frameworks can serve as powerful tools for research in optimiz-
ing the microstructures of Ni-based superalloys, with improved mechanical properties and

performance.

This thesis presents the following key advancements in terms of model development and

implementation:

1. Coupled phase field-crystal plasticity framework for single crystal superalloys for pre-
dicting the microstructure evolution during heat treatment and resultant mechanical

properties (see Chapter 3).

2. Development of physically-based crystal plasticity framework for single crystal su-
peralloys, considering crystallographic dislocation climb around the precipitates,
Orowan looping around precipitates, grain/phase size dependent hardening, sub-
structure evolution in the form of mobile and immobile dislocation densities, back-
stress evolution, and constitutive equations for microstructure evolution due to raft-

ing (see Chapter 4).
186
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3. Development of crystal plasticity framework for polycrystalline superalloys, consid-
ering individual deformation of the matrix (comprised of secondary 7; and tertiary
V; precipitates homogenized in the  phase) and primary 'y;, precipitates, dislocation
strengthening, strengthening due secondary 'y; and tertiary ’y; precipitates, solute
solution strengthening due to various alloying elements, and grain size strengthening

(see Chapter 5).

4. Development of a micromechanical constitutive model for the shearing of " precipi-
tates due to their interaction with mobile dislocations and the resultant mechanical

properties during cyclic loading (see Chapter 6).

5. Implementation of fatigue indicator parameters in the crystal plasticity framework
for studying cyclic deformation in two-phase microstructures of polycrystalline su-

peralloys (see Chapter 7).

8.2 Conclusions

The key findings from the research conducted in the various chapters are summarized as

follows:

Chapter 3: Coupled Phase Field Plasticity Model for Heat Treatment and
Deformation of Single Crystal Ni-based Superalloys

Chapter 3 studied the microstructure evolution during aging and the effect of microstruc-
ture on the mechanical properties of single crystal Ni-based superalloys using a coupled
phase field-crystal plasticity framework. This has been performed using a phase field
model, coupled with a crystal plasticity framework, to simulate the microstructure evolu-
tion during heat treatment processes. Further, the phase-field generated microstructure is
provided as input to crystal plasticity model to predict mechanical properties of CMSX-4.

The following are the main conclusions:

« The ' precipitate morphology changes from spherical (3D)/circular (2D) to cubodial
(3D)/square (2D) during the initial stages of precipitate growth.

e The kinetics of precipitate growth are temperature-dependent, with significantly
smaller precipitate sizes at lower temperatures as compared to aging at higher tem-

peratures.
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e The morphology of the precipitates does not change appreciably with or without

consideration for plasticity in the model.

Chapter 4: Crystal Plasticity Constitutive Modeling of Tensile, Creep and
Cyclic Deformation in Single Crystal Ni-based Superalloys

Chapter 4 focused on the development and implementation of a crystal plasticity frame-
work to simulate the temperature- and orientation-dependent deformation of single crystal
Ni-based superalloys. We have used the framework to simulate the cyclic and creep re-
sponses of single crystal Ni-based superalloys for various orientations and temperatures.
Specifically, the constitutive model was used to predict the tensile, cyclic and creep defor-
mation of two single crystal Ni-based superalloys, CMSX-4 and PWA-1484. The following

are the main conclusions from the results presented in this chapter:

¢ The crystal plasticity framework successfully predicted the orientation- and temperature-
dependent tensile, cyclic, and creep response for two different superalloys, CMSX-4
and PWA-1484.

e The model was validated by the prediction of creep-fatigue interactions in these

alloys.

e The model also predicted the loading orientation-dependent microstructure evolution
due to rafting, with no microstructure evolution observed during creep loading of the

[111] single crystal.

o Octahedral slip in the matrix phase was found to be dominant during [0 0 1] loading,
while cube slip in the precipitate phase was found to be dominant during [111] tensile

loading of the single crystals.

Chapter 5: Modeling Heterogeneous Deformation of Polycrystalline Ni-based
Superalloys

In Chapter 5, a physically based, microstructure-sensitive crystal plasticity constitutive
framework has been developed for simulating the temperature-dependent tensile response
of polycrystalline Ni-based superalloys. The model accounts for the individual deformation
for o and primary 4 phases and their effect on overall deformations. EBSD microstruc-
tures were used as inputs to the model, and the microstructure evolution during tensile

deformation has been compared with experiments. The model has been used to study the
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misorientation developments at various microstructural features of interest, such as grain

boundaries, twin boundaries and phase interfaces. The following are the main conclusions:

o Stress localization was found to be generally comparable or higher in the ’y;, precip-
itates, and strain localization was higher in the matrix phase in the vicinity of the

primary ’y;g precipitates.

e Strain localization was observed in the softer grain and stress localization in the

harder grain between the twin/parent grain pairs.

o Higher misorientation development was found to occur near the twin boundaries as
compared to the grain boundaries and phase interfaces, suggesting a higher tendency

for localized or heterogeneous deformation in these regions.

Chapter 6: Modeling Cyclic Deformation and Softening of Polycrystalline
Ni-based Superalloys

Chapter 6 focused on studying the precipitate shearing-induced cyclic softening in poly-
crystalline superalloys. . A dislocation density-based crystal plasticity model has been
developed to simulate cyclic hardening followed by precipitate-induced cyclic softening for
polycrystalline superalloys. Shearing of the secondary 7/ precipitates during cyclic defor-
mation is assumed to be the primary mechanism for the observed cyclic softening and a
micromechanical constitutive model has been developed for the same. A slip system level
backstress model is adopted to account for initial kinematic hardening behavior. The de-
veloped model has been used to simulate the cyclic deformation at two strain amplitudes
at room temperature. The model predicts the cyclic stress-strain curve and a peak stress
vs. number of cycles with reasonable accuracy for both strain amplitudes. The following

are the main conclusions:

e Microstructure characterization using SEM and TEM analysis revealed shearing of

secondary 'y; precipitates.

e The slip system-level backstress model, along with a micromechanical model for
precipitate shearing, was able to predict the initial cyclic hardening, followed by

cyclic softening in two different superalloys, with different precipitate morphologies.

e The precipitate shearing model, along with the strengthening model, predicted the
transition from strong pair coupling to weak pair coupling during the cyclic deformation-

induced shearing of the precipitates.
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Chapter 7: Predicting Fatigue Indicator Parameters of Polycrystalline Ni-
based Superalloys

Chapter 7 focused on predicting the fatigue indicator parameters during cyclic deformation
of the polycrystalline nickel superalloy specimens. As seen in Chapter 4, the annealing
twins, grain and phase boundaries displayed the presence of large strain localizations,
and were hence noted to be possible sources for crack initiation. Different fatigue in-
dicator parameters (FIPs) were implemented within the crystal plasticity framework to
predict the potential sites for micro-crack initiation and propagation for PM-processed
Ni-based superalloys. Cyclic deformation simulations have been performed for four EBSD
microstructures at 0.9% strain amplitudes at room temperature. FIP localization near the

microstructure feature has been studied. The following are the main conclusions:

o FIP localizations were observed in the matrix phase in the vicinity of the annealing

twin boundaries, grain boundaries, and phase interfaces.

o Higher misorientation and FIPs near the annealing twin boundaries could be indica-
tive of a higher propensity for failure during cyclic deformation as compared to the

phase interfaces and grain boundaries.

8.3 Future Work

The following are the recommendations for future work that could be pursued as extensions

of the work performed in this thesis:

e The phase field model used in Chapter 3 can be extended for multi-component
systems and coupled with CALPHAD databases to obtain temperature-dependent
material parameters, thus allowing prediction of microstructure evolution during

non-isothermal heat treatments.

e The crystal plasticity model in Chapter 4 can be further improved by consideration

of mechanisms pertaining to rafting in alloys with positive misfit.

o Evolution of 4" precipitate volume fraction can also be considered by coupling with

phase field models.

e Strain gradient plasticity can be considered in the model used in Chapter 5 for
enhanced prediction of misorientation developments and heterogeneous deformation

in polycrystalline alloys.
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e The model used in Chapter 6 can be improved by considering the effects of lattice
misfit, coherency stresses, and anti-phase boundary (APB) energy to understand

their influence on the precipitate shearing and cyclic softening.

e The models developed in this thesis can be used in an Integrated Computational
Materials Engineering (ICME) framework for computational design of superalloy

microstructures with enhanced mechanical properties and performance.

8.4 Significant Contributions of the Thesis

8.4.1 Journal Publications

e Chaudhary S, Guruprasad PJ, Patra A, "Crystal plasticity constitutive modeling of
tensile, creep and cyclic deformation in single crystal Ni-based superalloys", Mechan-
ics of Materials, Vol. 174, 2022, 104474.

e Chaudhary S, Pai N, Rao GA, Alam Z, Sankarasubramanian R, Guruprasad PJ,
Samajdar I, Patra A, "Competitive role of primary ~ precipitates and annealing
twins on the heterogeneous deformation of a polycrystalline Ni-based superalloy:

crystal plasticity modeling and experiments", Journal of Alloys and Compounds,
Vol. 967, 2023, 171783.

e Chaudhary S, Sudhalkar B, Pai N, Palit M, Alam Z, Sankarasubramanian R, Sama-
jdar I, Patra A, "A crystal plasticity-based micromechanical model for precipitate
shearing: Application to cyclic softening of polycrystalline Ni-based superalloys',
International Journal of Fatigue, Vol. 190, 2025, 108582.

e Chaudhary S, Patra A, "Integrated Phase Field - Crystal Plasticity Framework for
Simulating Heat Treatment and Deformation of Single Crystal Ni-based Superal-
loys", Modelling and Simulation in Materials Science and Engineering, 2025, DOI:
10.1088/1361-651X /aelelc.

8.4.2 Conference Presentations

e Chaudhary, S.*, Guruprasad, P.J., Patra, A., “Crystal plasticity modeling of creep
and fatigue deformation in Ni-based superalloy single crystals”, 8th International
Conference on Creep, Fatigue and Creep-Fatigue Interaction (CF-8), Virtual Con-
ference, IGCAR, Kalpakkam, August 24-27, 2021.
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e Chaudhary, S.*, Guruprasad, P.J., Patra, A., “Crystal plasticity constitutive mod-
eling of thermo- mechanical deformation in Ni-based superalloy single crystals”, 4th
European Symposium on Superalloys and their Applications (EuroSuperalloys 2022),
Bamberg, Germany, September 18-22, 2022.

e Chaudhary, S.*, Pai, N., Appa Rao, G., Alam, Z., Sankarasubramanian, R., Gu-
ruprasad, P.J., Samajdar, I., Patra, A., “Experimentally informed crystal plasticity
model for predicting the deformation of a polycrystalline Ni-based superalloy”, In-
dian Institute of Metals - Annual Technical Meeting (IIM-ATM) 2022, Hyderabad,
November 14-16, 2022.

e Chaudhary, S.*, Pai, N., Sudhalkar, B., Alam, Z., Sankarasubramanian, R., Gu-
ruprasad, P.J., Samajdar, I., Patra, A., “Crystal plasticity model for cyclic softening
of a polycrystalline Ni-based superalloy”, 29th International Conference on Process-
ing and Fabrication of Advanced Materials, Indian Institute of Technology Tirupati,
September 6-8, 2023.

e Chaudhary, S.*, Sudhalkar, B., Pai, N., Guruprasad, P.J., Samajdar, I., Patra, A.,
“Crystal plasticity constitutive model for cyclic deformation and softening in poly-
crystalline Ni-based superalloys”, 8th International Conference on Material Mod-
elling, Loughborough University, London, UK, July 15-17, 2024.
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